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Abstract
Glass transition, physical aging and dielectric relaxation in ultra-thin polymer films
(< 100 nm) were investigated using complementary techniques (ellipsometry and
dielectric spectroscopy).
PtBMA films of different thicknesses were prepared and the thickness dependence
of the glass transition temperature (Tg(h)) was investigated with ellipsometry. The
uncapped films thinner than 40nm showed significant depression of Tg and this was
explained using the enhanced molecular mobility near the free surfaces. Several sets
of PtBMA film samples were then prepared and capped by Al layers; the coating
procedure is different for each set. The Tg(h) in PtBMA films with evaporated Al
capping layers was essentially the same as that of the uncapped PtBMA films, and this
suggests evaporated Al capping layers can not remove the free surface effect. Another
set of samples was capped with Al layers using a novel ‘2(h/2)’ sample preparation
procedure, and was expected to have no free surface effect. These samples exhibit no
apparent thickness dependence. These results suggest that the effect of free surfaces
are responsible for the altered dynamics in thin polymer films. However great care
has to be taken in attempt to remove the free surface effects caused by solid capping
layers.
The frequency dependence of the thickness dependence of α relaxation temper-
ature (Tα(h)) in ultra-thin PVAc films was measured using dielectric spectroscopy.
Films thinner than 80nm exhibit smaller Tα’s than the bulk values at a measurement
frequency lower than 10Hz, but there is no significant thickness dependence of Tα
at measurement frequencies higher than 10Hz. The results demonstrated that the
vii
viii
Tα(h) has an intrinsic dependence on measurement frequency. We also measured the
cooling rate dependence of the Tg(h) using the same samples, and compared Tg(h)
with Tα(h) for different cooling rates/measurement frequencies. The results help to
address the existing controversial reports about the apparent discrepancies observed
between measurements that are performed using different techniques.
Dielectric spectroscopy in the temperature domain ǫ′′(T ) was measured on thin
(<486nm) PVAc films. The data were plotted against ln τ and the parameters de-
scribing the widening and distortion of the α relaxation peaks are constant for all
measurement frequencies. The observed symmetry of the α relaxation peaks in ǫ′′(T )
were related to the constant shape parameters of the asymmetric α relaxation peaks
in ǫ′′(ln τ). An explanation is given to the observed widening of the α relaxation
peaks with increasing measurement frequency in ǫ′′(T ). At a lower measurement
frequency (<1Hz), the data obtained from thinner PVAc films showed wider α re-
laxation peaks (in ǫ′′(T )) than the data obtained from thicker films, and at a higher
frequency (>1Hz) this thickness dependence doesn’t exist. This was explained using
the existence of the liquid-like surface layer with enhanced molecular mobility, and
using the measurement frequency effects.
PS films of different thickness were prepared and physical aging process in these
samples was investigated using ellipsometry. On each sample the measurements were
performed at different aging temperatures, and a trend of a decreasing aging rate
with decreasing aging temperature is found for all samples. In ultra-thin PS films
(<100nm thick) a maximum aging rate at ∼17K below Tg,film is observed, and these
observations were explained using the competition of the two factors that affect the
aging, that is, the distance to the equilibrium and the fraction of the free volume. A
comparison between the thickness dependence of aging rate and the thickness depen-
dence of Tg suggests that the aging rate serves as a more sensitive probe in the study
of polymer molecular dynamics than Tg does.
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Chapter 1
Introduction
1.1 Polymers
A large variety of natural and synthetic materials are polymers. Natural polymers
such as proteins, nucleic acids and cellulose serve us as food, clothes, medicine and
many other useful materials [1]. In 1909 the first wholly synthetic polymer bakelite
was invented by Dr. Leo Baekeland [2]. Ever since a huge variety of synthetic poly-
mers have been manufactured and find application in almost every area of the modern
world.
Despite the importance of polymers, details of their molecular structure remained a
mystery until 1922, when Hermann Staudinger proposed the correct structure model
of polymer molecules [3]. He was awarded the Nobel Prize for this discovery. Ever
since polymer science has experienced a rapidly accelerating development and six No-
bel prizes have been awarded in this area.
Polymer molecules are composed of many repeating units (sometimes hundreds of
thousands of them), called monomers, which link together with covalent bonds and
1
2form long molecular chains. The term ‘polymer’ is the combination of the Greek
roots poly (many), and meros (part). Polymers are also often referred to as ‘macro-
molecules’ because of their large size.
Fig. 1.1 shows an example, the chemical structure of polyethylene, which has one
of the simplest polymer structures. From left to right in turn shown are ethylene,
polyethylene and the condensed formula of polyethylene.
Figure 1.1: ethylene, polyethylene and condensed formula of polyethylene. n is the
number of the repeating units in a polyethylene molecule
1.1.1 Homochain polymers and heterochain polymers
In the case of polyethylene the backbones of the molecular chains are built up by car-
bon (C) atoms. However, this isn’t always the case. In some polymers the backbones
are constructed by atoms of another element, or even by atoms of several elements.
Take PDMS(Polydimethylsiloxane) for example, the molecular chains of PDMS are
constructed by silicon Si and oxygen O atoms.
If the backbone is formed by atoms of one single element, the polymer is called a
Homochain polymer. If the backbone is formed by atoms of two or more elements,
3Figure 1.2: polydimethylsiloxane
the polymer is called heterochain polymer [4]. In the present work only homochain
polymers will be studied and the atoms used to build the backbone are all carbon C
atoms.
1.1.2 Homopolymers and co-polymers
Homopolymers are polymers built up of one type of monomers, and Co-polymers are
those by two or more types of monomers.
Homopolymers are often sorted by tacticities. Take polypropylene for example, as
illustrated by Fig. 1.3, the sequence of the appearance of the two side groups, H and
CH3, may be quite different in different polypropylene polymers. Also the two side
groups may appear at one side of the molecular chain or the other. These detailed
structures are determined by the coupling of the monomers. If monomers couples
in such a way that the side groups are always on the same position relative to the
backbone, this polymer is said to be isotactic. If monomers couples in an irregular
way, this polymer is said to be atactic. Syndiotactic describes coupling of monomers
which is non-unique but varies in a regular way. The term tacticity is not used in
polymers where the two side groups are the same.
4Figure 1.3: Molecular structures of polypropylene of different tacticities
1.1.3 Thermoplastics and thermosetting plastics
Polymers are divided into two categories, thermoplastics and thermosetting plastics.
Thermoplastics, such as polyethylene, nylon and polystyrene are mixture of molecules
and can be heated up to liquid state and be remoulded. Thermosetting plastics such
as vulcanized rubber and epoxy resin have highly cross-linked molecular structures,
that is, all molecules are chemically bonded together to form a percolating network.
If thermosetting plastics are heated up they will decompose before becoming liquids.
In this work, the factor of cross-linking will not be taken into consideration, and
only thermoplastics will be studied.
51.1.4 Sizes and radius of polymer molecules
Some concepts to be discussed in the present work are related to the size and weight
of polymer molecules.
Contour length
For a linear polymer chain, the maximum end-to-end distance is named contour
length. The contour length of the polymer chain is equal to the sum of the lengths of
all monomer segments. Fig. 1.4 shows the contour length of a polyethylene molecule.
Figure 1.4: Illustration of the contour length and the persistence length of a polyethy-
lene molecule. The contour length is the maximum end-to-end distance and the persis-
tence length of polyethylene molecules is ∼ 0.65nm [5], which depends on temperature.
6Persistence length
The persistence length indicates the stiffness of polymer molecular chains, and large
persistence length values indicate rigid molecular chains. For example, the persistence
length of a double-helical DNA molecule is about 50 nm, which is quite large and
makes the double-helical chain very stiff. But the persistence length of polyethylene
molecules is only 0.65nm [5], and those molecules are very flexible. The persistence
of a polymer molecule depends on temperature.
End-to-End distance
The distance between the two loose ends of a polymer molecular chain is called end-
to-end distance (REE). In dilute solutions or in polymer mass, the molecular chain
can be described by the model of ‘random walk’. Using this model REE can be eval-
uated by
√
nl, where n represents the number of covalent bonds along the backbone
of the chain and l represents the length of each covalent bond. So REE is a function
of molecular weight, and increases with increasing molecular weight.
Stokes radius
The Stokes radius, or the hydrodynamics radius of a polymer is defined in the follow-
ing way. Suppose we have a solution of hard spheres diffusing at the same rate as
that of a polymer molecule, the Stokes radius of the polymer molecule will be defined
to be the radius of the hard sphere.
7Gyration radius
Gyration radius is defined by:
R2g =
1
N
N∑
k=1
(rk − rmean)2 (1.1.1)
where N is the number of the repeating units of a molecule, r is the position of the
repeating units, and rmean =
∑N
k=1 rk.
Rg is also defined by:
R2g =
1
2N2
∑
i,j
(ri − rj)2 (1.1.2)
The above two definitions are equivalent. Fig. 1.5 schematically shows a linear poly-
mer molecule chain and its gyration radius.
1.1.5 Weight of polymer molecules
If all molecular chains of a polymer sample have one uniform molecular weight, the
sample is said to be monodisperse. Strict monodispersity can be found in some
biopolymers where molecular chains are copies of a template. In most cases not
all molecular chains are the same length. Polymers usually contain a mixture of
8Figure 1.5: A linear polymer molecule chain that is randomly distributed in space.
The black arrow shows the gyration radius of it.
chains of different lengths. The distribution of polymer chain lengths is quantified
in terms of the polydispersity. Polydispersity is quantified using the polydispersity
coefficient, which will be defined in the following paragraphs.
The number average of molecular weight, Mn, is defined to be
Mn =
∫
p(M)MdM (1.1.3)
where M is molecular weight and p(M) is the number density distribution function.
In this work, and in many other literatures, the weight average of molecular weight,
Mw, is used instead of the number average. Mw is defined by:
9Mw =
∫
p(M)MMdM∫
p(M)MdM
(1.1.4)
Mw is always larger than Mn. This can be proved by
0 < 〈∆M2〉 =
∫
p(M)[M −Mn]2dM =
∫
p(M)M2dM −M2n = (Mw −Mn)Mn
(1.1.5)
The width of the molecular weight distribution can be specified by the polydispersity
coefficient U
U =
〈∆M2〉
M2n
=
Mw
Mn
− 1 (1.1.6)
U becomes zero when and only when the sample is perfectly monodisperse.
1.2 Glass transition
1.2.1 Introduction to glass transition
The term ‘Glass’ in the scientific sense refers to amorphous solids, such as common
window glasses and many polymers. The term ‘amorphous’ means that atoms of
these solids are not arranged in any sort of regular order. In contrast to crystalline
solids such as metals and salts which have long range periodic order of atoms in their
structure.
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Amorphous solids are usually formed in the following ways. Firstly the complex
molecular structures of some materials make periodical ordering of molecules diffi-
cult. Take polymers for example, their large molecular size makes crystallization
difficult. Secondly, additives may interfere with the crystallization process and help
to produce amorphous solids. For example, addition of soda to silicon dioxide results
in window glass [6]. Finally, when some crystalline materials are cooled down from
liquid state, if the cooling rate is faster than the rate at which atoms can reorganize,
these materials could become amorphous solids.
At low temperatures amorphous polymers are in a ‘glassy’ state, or a ‘vitreous’ state.
When being heated up, amorphous polymers soften and finally become liquids. When
being cooled back down from liquid state, they transit back to glassy state, and this
transition is called the ‘glass transition’. For semi-crystalline polymers, only the
glassy portion will undergo glass transition, the crystalline portion will undergo crys-
tallization, which usually occurs at a higher temperature than the glass transition of
the glass portion.
At the molecular level the glass transition is explained by kinetically ‘frozen’ molecu-
lar motion. That is, when glassy materials are cooled down from liquid state to glass
state, the mobility of molecules drops down by a large factor (∼ 1013) as a result of
densification (to be described in detail in a following section), and the viscosity at
macroscopic level increases tremendously. Glassy materials lose fluidity and are con-
sidered as solids. A definition of glass transition temperature Tg (dynamic definition)
11
is the temperature at which the viscosity of the liquid exceeds 1013 pascal-seconds
(Pa.S).
At liquid state, glassy materials establish equilibrium quickly, while when these ma-
terials are cooled down to glass state, approaching to equilibrium of these materials
becomes longer and longer due to the slow molecular motion. For example, it may
take 10−10mins to establish equilibrium at 30K above Tg and 10
10mins (∼ 105 years)
to establish equilibrium at 30K below Tg [7].
A main difference between glass transition and crystallization is that there is no
abrupt change of physical parameters in glass transition (such as volume). This is
illustrated in Fig. 1.6. Another main difference between the glass transition and a
true thermodynamic phase transition is the dependence of glass transition on heat-
ing/cooling rate. As illustrated in Fig. 1.7, curve (1) shows volume variation as a
function of temperature measured at a higher cooling rate, and curve (2) shows the
result measured at a lower cooling rate. The lower the cooling rate is the lower glass
transition temperature (Tg) will be obtained. The cooling rate dependence of the
measured Tg can be explained by that, a slower cooling rate allow molecules to have
more time to establish equilibrium, and dropping off from equilibrium will therefore
occur at a lower temperature.
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Figure 1.6: Comparison of glass transition and crystallization. In crystallization the
variation of the volumes of crystalline materials as a function of temperature will
be like the black solid line. The temperature Tm where the volume jumps is defined
to be freezing temperature. In glass transition the variation of the volumes of glassy
materials as a function of temperature will be like the red solid line. The temperature
Tg where the expansion rate changes is defined to be glass transition temperature.
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Figure 1.7: Heating/cooling rate effect on glass transition. Curve (1) shows volume
variation as a function of temperature measured at a higher cooling rate, and curve
(2) shows volume variation as a function of temperature measured at a lower cooling
rate.
1.2.2 Techniques used to study glass transition
The variation of many physical parameters, such as enthalpy, heat capacity, shear
modulus, dielectric permittivity and dielectric loss are measured to study glass tran-
sition. In the present work, ellipsometry was used to monitor the volume variation as
a function of temperature during the glass transition of thin polymer films. Fig.1.8
shows an example of experimental data obtained in our experiment. The sample is
a 486nm thick PVAc film supported on an aluminum substrate. The sample was
heated up to liquid state and then cooled down at 9K/min. During the cooling pro-
cess ellipsometry was used to monitor changes in the thickness of the films (which
is proportional to the sample volume). The data shows that the volume expansion
coefficient is constant in the glass and liquid states, and it gradually changes around
the glass transition temperature. Fig: 1.8 also shows how to determine the glass
14
transition temperature (denoted by Tg), from a volume vs temperature plot. Tg here
is defined as the temperature where the two linear fits to the glass and liquid regions
intersect.
Temperture (K)
260 280 300 320 340 360
Fi
lm
 th
ic
kn
es
s 
(nm
)
486
488
490
492
LiquidGlass
Tg
Figure 1.8: An example of experiment data of volume variation as a function of tem-
perature during glass transition. The sample is a 486nm thick PVAc film supported
on an aluminum substrate. The sample was heated up to liquid state and then cooled
down at 9K/min. During the cooling process ellipsometry was used to monitor the
thickness of the films. The changing of the film thickness is proportional to the chang-
ing of the sample volume. The dashed lines show the best linear fits to the liquid and
glass regions. The vertical dashed line indicates the temperature where the two fits
intersect, and this temperature is defined to be Tg.
1.2.3 Detailed description of the glass transition
A detailed description of glass transition often divides it into five regions. This five-
region model is often illustrated using a diagram similar to Fig. 1.9, which shows the
15
variation of Young’s modulus as a function of temperature.
Figure 1.9: Variation of Young’s modulus of polymers as a function of temperature.
The solid line, the dashed line and the dotted line in turn represent the Variation of
Young’s modulus of linear, semi-crystalline and cross-linked polymers [8].
The first region indicates the glass state. It was found that for a wide range of
polymers the Young’s modulus remains constant throughout this temperature range.
The value of Young’s modulus is approximately 3 × 1010dynes/cm2, or 3 × 109 Pa.
Local vibrations and short-range rotational motions prevail in molecular motions in
this state. Some studies [9, 10, 11] [12] reported that coordinated molecular motions
involves typically less than 4 main chain atoms.
The second region is the glass transition region. The Young’s modulus varies by
16
a factor of 1000 in this narrow temperature range. In this region long-range, co-
ordinated molecular motions become significant. The number of main chain atoms
involved in these motions was reported to be ∼ 10 − ∼ 15. [9, 10, 11, 12]
The next region is called rubbery plateau region, where the modulus becomes al-
most constant. A typical value of the modulus is 2 × 107dynes/cm2, or 2 × 106 Pa.
At this region the mechanical dynamics is different for different polymers. For linear
amorphous polymers, the plateau slowly drops off as temperature increases. In this
plateau region, linear amorphous polymers exhibit rubber elasticity. For cross-linked
polymers, the modulus follows the dotted line, and for semi-crystalline polymers the
modulus follows the dashed line. These two kinds of polymers are not in our research
interest.
In region 4 polymers exhibit both elasticity and flow properties. In short-time-scale
experiments polymers are predominantly elastic materials, because the molecular
chains have not enough time to rearrange themselves. In long-time scale experiments
polymers behave more like viscous materials, because the molecular chains have suf-
ficient time to move around. There is no such region for cross-linked polymers.
On region 5 polymers flow like liquid. At this temperature range the molecules
motion is strong enough to easily overcome potential barriers.
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1.2.4 Constitutional influence on glass transition
Molecular weight was found to be an important factor that affects the Tg, and that’s
why in this work we use polymers with narrow Mw distributions. Polymers with
higher Mw usually have higher Tg values. An example is the observation by Fox and
Flory [13, 14] of the linear relationship between Tg and the reciprocal of molecular
weight 1/Mn, which is described by:
Tg = Tg,∞ − K
(αR − αG)Mn (1.2.1)
where K is a constant specific to each kind of polymers. αR and αG in turn represent
the expansion coefficient (dV/dT ) of the polymer at liquid and glass state. Tg,∞ rep-
resents the Tg of this polymer with Mw = ∞. Fox et al. suggested that larger density
of end groups of molecular chains will elevate the specific volume of polymer samples,
and larger specific volume will allow molecules to move more easily and therefore
reduce the Tg. Since low-molecular-weight polymer samples have larger end group
densities, their specific volumes are bigger and their Tg values are lower.
Fig. 1.10 shows the experimental result [15] measured on polystyrene. In this case
the linear relation can be described by:
Tg = 106
◦C − 2.1× 10
5
Mn
(1.2.2)
It is noteworthy that those parameters in Eqn. 1.2.4 rely on the experimental time
18
Figure 1.10: Molecular weight dependence of Tg measured polystyrene. Taken from
reference [15] and reproduced with permission from Rubber Chem. Technol.
scale.
The stiffness of main chains is one of the key factors determining Tg. For exam-
ple, the backbones of polydimethylsiloxane molecules are composed of repeating Si-O
units, which is highly flexible and results in a very low Tg, which is −120◦C. The
backbones of poly(phenylene oxide) molecules are composed of repeating phenyl-O
units, which is very stiff and results in a very high Tg value, which is 200
◦C.
In some polymers, tacticity affects Tg significantly. For example atactic and syn-
diotactic pMMA (poly methacrylate) always display the same Tg, which is around
103◦C, but Tg of isotactic pMMA can be as low as 42
◦C. The general relationship
between tacticity and Tg isn’t totally clear yet, but it’s widely accepted that tacticity
affects the rotational freedom of the side groups, and therefore affects the stiffness of
the main chains.
Side groups have a strong and complex effect on Tg. It is usually thought that bulky
side groups, such as benzene substituent, block the movement of main chain and
therefore elevate Tg. For example, as illustrated in Fig: 1.11, the Tg of polyethylene
19
is ∼ −80◦C; Tg of atactic polypropylene is ∼ −10◦C; and Tg of atactic polystyrene is
∼ 100◦C. However, studies made on polyacrylic acid [16], polymethacrylic acid [17]
and some other polymers [18] revealed that these linear polymers usually have higher
Tg than their counterparts with aliphatic side groups. It is suggested that these pen-
dant groups act as ‘internal diluents’ and make the movement of backbones easier.
More complex side group effects are found in studies on polymers with aliphatic side
groups [19, 20].
Figure 1.11: Illustration of molecular structure and Tg of polyethylene, atactic
polypropylene and atactic polystyrene. It is suggested that side groups block the inter-
chain movement and elevate Tg. Bigger side groups have stronger effect.
Given a knowledge of the composition of copolymers, we can calculate their Tg using
an empirical function. For a polymer built up with units A and B the function is
given by:
1
TG
=
wApAA
(TG)AA
=
wApAB + wBpBA
(TG)AB
+
wBpBB
(TG)BB
(1.2.3)
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where wA and wB are the mass function of the units A and B, and p is the probabil-
ities of occurrence of AA, AB, and BB along the molecular chains. In this function
the effect of AB and BA on Tg are assumed to be the same [21].
Polymer properties can be significantly affected by additives. For example, plasti-
ciser molecules (such as small molecules and solvents) embed themselves inside the
polymer matrix and increase the spacing between molecular main chains. This results
in an enhancement of the mobility of those chains and a reduction of the Tg [22]
Factors that affect Tg values are summarized in Table 1.1
Factors that increase Tg Factors that decrease Tg
Rigid main chains Flexible main chains
Intermolecular forces In-chain groups promoting flexibility
flexibility (double-bonds and ether linkage)
Bulky and stiff side groups Flexible side groups
Intrachain steric hindrance symmetrical substitution
Table 1.1: Factors affecting Tg
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1.2.5 Glass transition theories
Free volume theory
Eyring (US, Nobel, Laureate 1950’s) was the first person to deal with the concept
of ‘free volume’,[23], which is defined to be vacancies among the polymer molecule
matrix. It is assumed that the chain segments movement is passing through these
vacancies, and without the presence of these vacancies, chain segmental motion can
not happen. It is also assumed that larger free volume makes the movement easier.
The volume of a polymer sample, represented by V , should be the sum of the free
volume Vf and the volume occupied by the molecules Vm, i.e. V = Vf + Vm. In
glass state, the segmental molecule motion is ‘frozen’ and the chain configuration is
therefore expected to be the same at any temperatures below Tg, so the free volume is
expected to be constant in glass state. The expansivity of V in glass state originates
from the expansivity of Vm only, which suggests the expansion coefficient of Vm is
equal to that of V in glassy state.
In liquid state, the expansivity of Vm are expected to be the same value as that
in glass state, but the segmental molecule motion won’t be ‘frozen’ any more, and
will change the molecular chain configuration. This means that the free volume will
not be constant. Since in liquid state both V and Vm are proportional to temper-
ature, it can be concluded that the Vf in this state is proportional to temperature
too. The expansivity of Vf and the expansivity of Vm both contribute to the sample
expansivity in liquid state, which makes the expansivity of the sample in liquid state
larger than in glass state.
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Figure 1.12: The free Volume model to describe glass transition. The solid line rep-
resents the sample volume V as a function of temperature. The upper dashed line
represents the equilibrated state at temperatures below Tg, and the lower dashed line
represents the variation of the volume occupied by the molecules throughout the whole
temperature range. The horizonal dotted line helps to illustrate the meaning of the
parameters K1 and K2, which are defined in Eqn. 1.2.6 and Eqn. 1.2.6. The vertical
dotted line indicates the position of Tg. V0,G and V0,R in turn represent the value of V
and Vm when T = 0K. Vf and Vm in turn represent the free volume and the volume
occupied by the molecules. This plot shows that at temperatures below Tg, Vf is con-
stant and the expansivity of V originates from the expansivity of Vm. At temperatures
above Tg, both the expansivity of Vf and that of Vm contribute to the expansivity of
V , and that makes the expansivity of V in liquid state larger.
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The above relationships are usually illustrated in plots like Fig. 1.12. Since Vf has
the same expansion coefficient in both glassy and liquid state, which is equal to the
expansion coefficient of the sample in glass state, it can be expressed with V0,R+αGT ,
where T is temperature, V0,R is the value of Vm when T = 0K and αG is the expansion
coefficient of the polymer sample in the glass state.
At temperatures below Tg, the sample volume V can be expressed by:
V = Vf, constant + Vm = (Vf, constant + V0,R)(1 + αGT ) (1.2.4)
At temperatures above Tg, V can be expressed by:
V = V0,R(1 + αRT ) (1.2.5)
where αR and αG in turn represent the expansion coefficients of V in liquid and glass
state, i.e. αR = 1/V (dV/dT ) when T > Tg and αG = 1/V (dV/dT ) when T < Tg
Two parameters K1 and K2 are often used in free volume theory. The definition of
them are:
K1 = (αR − αG)Tg (1.2.6)
K2 = αRTg (1.2.7)
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The meaning of K1 and K2 is illustrated in Fig. 1.12. It was found that K1 and K2
do not change very much from polymer to polymer, as shown in Table 1.2 (data from
[8]), where some polymers and their specific values of Tg, K1 and K2 are listed. This
makes K1 and K2 useful to determine the Tg of a new polymer, or to find the Tg of a
polymer whose volume vs temperature plot doesn’t clearly show the glass transition
break.
According to the free-volume theory, the variation in the viscosity of a glass forming
liquid with varying volume can be described by the Doolittle equation [24, 25]:
η = η0exp(B
V
Vf
) (1.2.8)
with η0 and B being empirical constants. Combined with the Eqn. 1.2.4 and Eqn.
1.2.5, Eqn. 1.2.8 becomes:
η = η0exp(
B
T − T0 ) or τ = τ0exp(
B
T − T0 ) (1.2.9)
Eqn. 1.2.9 leads to the widely used Vogel-Fulcher-Tammann (VFT) law. (VFT) law
describes the relationship between viscosity and temperature in glassy forming ma-
terials at temperatures above Tg. τ approaches experiment times scale τexp when the
sample is cooled down from the liquid state, and when τ becomes comparable to τexp
the translational motion of the molecules can’t establish equilibrium, which indicates
the beginning of the glass transition. The more slowly we do the experiment, the
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larger the τexp is, and the lower Tg will be obtained.
An equivalent empirical equation that was introduced by Williams, Landel and Ferry,
called WLF equation, is more widely used. The WLF equation is like:
logAT =
C1(T − T0)
C2 + (T − T0) (1.2.10)
where logAT = log η/ log η0 or logAT = log τ/ log τ0. C1 and C2 are both universal
constants for all polymers (C1 = −17.44K−1 and C2 = 51.6K.). In the range of Tg to
Tg + 100
◦C, the fits of WLF equation to the experimental results are good.
WLF equation can be derived from free volume theory too. If P is defined to be
the probability of the segmental molecule relaxation per unit time, and ∆Eact the
free energy of activation of the relaxation process, these two variables will be related
by an arrhenius-type relationship:
P = exp(−∆Eact/kT ) (1.2.11)
For a smaller probability P , longer time is required for the onset of the relaxation, or
for a bigger P , the time required for the onset of the relaxation is smaller. In the WLF
theory it is assumed that Pt (or in logarithm scale ln(Pt), defined as the possibility
of the segmental molecule motion of the relaxation process) must be a constant value
for the onset of the relaxation. That is
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ln(Pt) = −∆Eact/kT + ln t = Constant (1.2.12)
Take the derivative of ln t with respective to T results in the relationship
∆ ln t = −∆Eact
kT 2
∆T (1.2.13)
According to the free volume theory, the relaxation probability P is decided by the
specific free volume, which leads to
∆Eact
kT
=
B
f
(1.2.14)
where f = Vf/V , and B is the constant in Doolittle equation. Combined with Eqn.
1.2.14, Eqn. 1.2.13 becomes:
∆ ln t = B∆
1
f
(1.2.15)
The specific free volume is a linear function of temperature at temperatures above
Tg, So the specific free volume f can be replaced by temperature T with Eqn. 1.2.4
and Eqn. 1.2.5, which leads to
∆ ln t−∆ ln t0 = − (B/f0)(T − T0)
f0/(αR − αG) + (T − T0) (1.2.16)
where f0 is the fractional free volume at Tg, and T0 is the reference temperature.
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Compare Eqn. 1.2.16 to Eqn. 1.2.10, we find B/f0 = C1 = −17.44K−1 and
f0/(αR − αG) = C2 = 51.6K.
An important prediction made by WLF equation is that change of temperature by
3◦C near the Tg will result in change of τ (or η) by a decade, or, if the experimental
time scale changes by a decade, the measured Tg will change by 3
◦C.
Cooperative relaxation theory
Adam and Gibbs built up another theoretical approach to describe glass forming ma-
terials [26]. They proposed that in glass forming materials, each successful relaxation
of a molecule/segment is accompanied with cooperative rearrangement of a group of
neighboring units. The units involved in the cooperative rearrangement is called ‘Co-
operative Rearranging Region (CRR)’, and the number of the units, represented by z,
is called the size of CRR. Adam and Gibbs further argued that z has a lower limit z∗,
and only when z > z∗ could a successful relaxation happen. Adam and Gibbs further
assume the energy barrier for each relaxation is proportional to the CRR size. That
is, E = z∆µ, where ∆µ is the activation energy barrier for cooperative rearrangement
if only one single unit is involved. They also assume that the distribution function of
the CRR size z follows the Boltzmann form. Thus the probability of a cooperative
relaxation can be described by:
W (T ) = A exp(−z
∗∆µ
kT
) (1.2.17)
28
where W (T ) represents the possibility of the cooperative relaxation as a function of
temperature, and A is a constant. The average possibility of the cooperative relax-
ation can be described by:
W (T ) =
∞∑
z=z∗
A exp(−z
∗∆µ
kT
) (1.2.18)
which leads to
W (T ) =
A
1− exp(−∆µ/kT ) exp(−
z∗∆µ
kT
) (1.2.19)
Because A/(1− exp(−∆µ/kT )) ≈ A, we may use A to replace this pre-exponential
factor, and transform Eqn. 1.2.20 to
W (T ) = A exp(−z
∗∆µ
kT
) (1.2.20)
Therefore an important conclusion is made that most CRR sizes are very close to the
smallest CRR size z∗.
Many experimental efforts have been put into the measuring the CRR size, and this
size is generally estimated to be a few nanometers [27, 28].
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1.3 Physical aging
1.3.1 Experiment observations of physical aging
It was not recognized until seventy years ago [29] that glassy materials are not in
equilibrium. After being cooled down from above Tg to a temperature below Tg,
the density of a glass becomes higher and the free volume decreases. The composite
units don’t have enough mobility to establish equilibrium on experimental time scales.
However, due to thermal fluctuation, some units still have enough mobility to relax,
and glassy materials will slowly evolve to equilibrium. This process is called ‘physical
aging’.
A most remarkable observation of physical aging is the slow decrease of free vol-
ume, which is reflected by the slow decrease of the sample volume (as illustrated by
Fig.1.13). The volume variation is accompanied by changing of many other properties
such as entropy, enthalpy, heat capacity, compliance, modulus, dielectric permittivity,
loss factor etc. Some theoretical approaches were devised to address this phenomenon.
[30, 31, 32, 33].
At lower aging temperatures the higher density of the glass forming materials have
higher density and less free volume than in the liquid state, this makes the aging rate
very slow and strongly temperature dependent. The aging rate is relatively fast at a
temperature close to Tg, but in most cases at ∼ −15◦C below Tg, the aging rate is so
slow that equilibrium won’t be established within an accessible time scale. In practice,
properties of the equilibrated state below Tg can only be predicted by extrapolation,
instead of being directly measured. Eqn. 1.3.1 is an estimation of the time needed
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Polymers Tg(K) K1 K2
polystyrene 369 0.113 0.164
polyethylene 143 0.105 0.192
Poly(dimethylsiloxane) 150 0.140 0.180
polyurethane 213 0.129 0.171
PVC 256 0.115 0.146
PMMA 378 0.113 0.182
Table 1.2: Tg, K1 and K2 for different polymers [8, 21]
Figure 1.13: Glassy materials are not in equilibrium in glass state. They undergo
slow physical process towards the equilibrium. The solid line indicates the volume
variation as a function of temperature in glass transition. The dashed line indicates
the equilibrium and the dotted line indicates Tg. During the process volume and some
other physical parameters slowly evolve to equilibrated values.
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to establish equilibrium, which is proposed by Struik based on the WLF equation [30].
t∞ ≈ 100/3× 10Tg−T = 100e0.77(Tg−T ) (1.3.1)
In this equation t is in seconds and Tg and T are in
◦C. Physical aging are usually
very slow. According to Eqn. 1.3.1, at 17K below Tg it takes ∼ 1010 years (∼ 3 times
of the age of the universe) to establish equilibrium in a glassy material.
It is surprising that not much effort was put in the research area of constitutional
effects on physical aging. Several experiments [34, 35, 36, 37, 38] have been done to
study the effect of the molecular weight on physical aging, and they showed that the
aging rates are faster for polymers with smaller molecular weights, and this was at-
tributed to the higher molecular mobility in polymers with smaller molecular weights.
Some studies [34, 38] revealed that at temperatures above a critical molecular weight,
aging rate will settle down at the lowest limiting value. The critical molecular weight
was found to vary for different polymers and for different aging temperatures. For
example, Marshall and Petrie [34] found that with atactic polystyrene at aging tem-
peratures just below Tg, the critical molecular weight is ∼ 5× 104g/mol.
One of the most important findings is that physical aging exists in all glassy ma-
terials, and in these materials physical aging proceeds in a similar way, no matter
how different the polymers are. This suggests that for all glassy materials the mech-
anisms underlying physical aging are essentially the same.
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1.3.2 Theory of physical aging
An early model introduced by Alfrey [39] takes polymers as a lattice of molecules
and vacant holes, and these holes simulate the free volume. This model suggests that
the aging process is equivalent to the diffusion of the holes to the polymer surface.
During the process, the number of vacant holes decreases, which is equivalent to the
decreasing of free volume in physical aging. Diffusion of the holes is described by
equation:
∂f/∂t = ∇ · (D∇f) (1.3.2)
where f = Vf/V and D is a diffusion constant. D would follow the well know Doolit-
tle equation:
D = D0exp
[
−Z( 1
f
− 1
f0
)
]
(1.3.3)
D0 and f0 in turn denote the value of D and f at a reference state, which for conve-
nience is usually taken as the state at glass transition temperature. This model has
been used to describe small scale (submicron) polymer samples [40].
A more famous and more useful model is Struik’s theory, which assumes that free
volume relaxation rate is determined by segmental mobility, and that segmental mo-
bility is determined by the specific free volume. In this model a closed-loop scheme,
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as is sketched in Fig. 1.14, is thought to be the underlying mechanism.
Figure 1.14: Self-reduction in Physical aging. vf represents the specific free volume
and t represents the aging time.
In Fig. 1.14 vf is the specific free volume, and t is the aging time. In a physical aging
process, the specific free volume decreases, which suppresses the segmental mobility,
and the suppressed segmental mobility in turn slows down the decreasing rate of the
specific free volume. This logical loop suggests that physical aging is a self-retarding
process, and the equation to describe the aging process will be non-linear. It also
suggests that in an isothermal aging process free volume won’t decrease infinitely and
the segmental mobility will not be zero. This loop can be described by Eqn.1.3.4,
dvf
dt
=
vf − vf∞
τ(T, vf )
(1.3.4)
where t is the relaxation time, vf,∞ is the equilibrated value of the specific free vol-
ume at temperature T . τ(T, vf ) represents the characteristic relaxation time of the
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polymer sample at temperature T and free volume vf . Struik proposed that:
τ = τ0exp(
∆G
KT
− γ(vf − vf∞)) (1.3.5)
where ∆G is the activation energy of the relaxation process, τ0 is a pre-exponential
factor, and γ is a constant. Many studies agree with the theoretical prediction based
on Struik’s theory.
Despite the non-linearity of physical aging, it’s useful in practice to fit isothermal
physical aging process with an empirical function. The most frequently used empiri-
cal function is Kohlrausch-Williams-Watts (KWW) function:
V (t) = Vt=∞ + V(f,t=0)exp(−t/τ)β (1.3.6)
where β is a non-exponential factor which is between 0 and 1. When β = 1 KWW
function will describe an exponential relaxation, otherwise the sample has a broad
distribution of relaxation time.
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Chapter 2
Background and Motivation
Great effort has been put into the study of ultrathin (<100nm) polymer films due
to the increasing technology importance, such as sensors, dielectric layers, lubricants
and bio-compatible materials. The ultrathin polymer films supported on substrates
[1-19] and those non-supported films [1, 2] were studied by a variety of technolog-
ical methods, which includes dielectric spectroscopy [3, 4, 5, 6], X-ray reflectivity
[7, 8], fluorescence spectroscopy [9, 10, 11, 12], positron lifetime spectroscopy [13],
Brillouin scattering [14, 15, 1, 2], optical waveguide spectroscopy [16], optoelectronic
integrated sensor [17], differential scanning calorimetry (DSC) [18] and ellipsometry
[19, 20, 21, 22].
These studies have revealed that many physical processes of polymer films in this
thickness range differ from those in bulk samples. These include properties such as
the glass transition temperature [8, 19, 21, 22, 6], dielectric relaxation [3, 6, 23, 24,
25, 26, 27, 28], physical aging rate [9, 19, 29, 30, 31], adhesion [32], friction [33], semi-
conducting properties and others. Understanding why thin film properties differ from
the bulk properties will help to understand the molecular dynamics in confined glass
forming systems, and will lay a sound basis for the research of new materials and
the development of nano-structures and devices. However, despite the fact that more
and more efforts are being put into this research area, a lot of unanswered questions
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still remain. The experiments described in this thesis are dedicated to the study of
polymer films in this thickness range and use two complementary technological tech-
niques (namely ellipsometry and dielectric spectroscopy).
2.1 Thickness dependence of glass transition in thin
polymer films
A pioneering experiment in this area was the study of thin polystyrene (PS) films by
Keddie et al. [34]. It was found that in films thinner than 40nm the Tg was signif-
icantly reduced below the bulk value, as is shown in Fig. 2.1 (reproduced from [34]
with permission from Europhys. Lett.)
Figure 2.1: Thickness dependence of Tg in PS films supported by silicon wafers. The
solid line is the best fit to the experiment data. The data from the two thinnest films
wasn’t used in fitting because of the large error bars. PS of three molecular weights
were used in this study, and the thickness dependence of Tg is quite the same for all
molecular weights studied. △ Mw = 120K, ◦ Mw = 500.8K, ♦ Mw = 2900K. Taken
from reference [34] and reproduced with permission from Europhys. Lett.
The solid fitting line can be described by an empirical function [34]:
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Tg(d) = Tg(∞)
[
1−
(
A
d
)δ]
(2.1.1)
where Tg(∞) is the bulk glass transition temperature, which is 373.8±0.7K in this
study. d is the film thickness. A is a characteristic thickness which in this study
equals to 3.2±0.6nm. δ is a shape parameter which in this study is 1.8±0.2.
One possible explanation to this experiment was the argument [7] that in polymer
films thinner than the natural size of polymer molecules in bulk samples, the size,
conformation and dynamics of polymer molecules will be different from those of the
molecules in bulk samples, and that difference could hopefully account for this new
observation. However, in that study, chain confinement effects are not responsible for
the Tg reduction in ultra-thin supported polymer films. This is because the thickness
dependence of the Tg was found to be the same within error for the three molecular
weights studied. Keddie et al. proposed that, since the surface-to-volume ratios of
those film samples are ∼ 6 orders of magnitude larger than that of the bulk sam-
ples, the cooperative molecular motion in ultrathin PS films was significantly affected
by the free surface and the interface between the polymer films and the silicon sub-
strates. They postulated a sandwich model to describe the ultrathin polystyrene
films supported on the silicon wafers. As illustrated in Fig. 2.2, the sample is com-
posed of three layers: the top, the middle and the bottom layers. The top layer has
enhanced molecule mobility. The reason is the molecules on the surface have less
neighbor molecules surrounding them, which makes the segmental motion of them
easier. This layer is suggested to be liquid-like when the polymer is in glassy state.
The bottom layer has less molecule mobility because of the solid silicon wall. Since
simulation results [35] showed that only about two layers of segments were confined
by the film-substrate interface, they argued that the effect of the PS film-substrate
interface is not significant in this study. This is confirmed by the fact that Tg(h) in
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PS is independent of substrate used for simple supported films. The free surfaces of
these samples are expected to be the dominant reason for the decreased Tg reduction
in these ultrathin films.
Figure 2.2: Sandwich model of an ultrathin polystyrene film supported by a silicon
wafer.
Keddie et al. proposed the thickness of the free surface layer ξ increases with increas-
ing temperature, and will become infinite at temperatures above Tg. This dependence
can be described by: [34]:
ξ = A
[
1−
(
T
Tg(∞)
)
−ν′
]
(2.1.2)
where ν ′ = 1/δ, and δ is the exponential factor in Eqn. 2.1.1. A is the thickness of
the liquid like layer when the temperature is 0K.
The model postulated by Keddie et al. explained another important observation
in their experiment: while the expansion coefficients of the polymer films in liquid
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state were all the same, the glassy expansion coefficients of those films were found
the be thickness dependent, as shown in Fig. 2.3 (taken from [34]).
Figure 2.3: Thickness dependence of expansion coefficient of PS films in glass state.
Taken from reference 2.1 and reproduced with permission from Europhys. Lett.
Keddie et al. suggested that the expansion coefficient of the liquid surface layer is
the same as that of the polymer liquid, which are usually larger than the expan-
sion coefficient of the glassy region. In the glass state the expansivity of both the
liquid like surface layer and the glassy region contribute to the expansivity of the
polymer samples, but in bulk polymer samples, the contribution from the former
can be reasonably ignored because the liquid like surface layer is very thin (<4nm).
Therefore the expansion coefficient of a bulk glassy polymer sample is equal to that
of the glassy region. In ultrathin films, where the surface to volume ratio becomes
∼6 orders of magnitude larger, the contribution from the liquid like surface layer
can not be ignored. The expansivity of these films will become closer to that of
the liquid like layer, and that’s the reason why in ultrathin polymer films the glassy
expansion coefficients are larger than those of the corresponding bulk polymer sample.
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The expansivity α of a film can be determined by: [34]
α =
ξ
d
αmelt +
d− ξ
d
αbulk,glass (2.1.3)
where ξ is the average thickness of the liquid like layer over the temperature range to
be measured, and d is the total film thickness. αmelt and αbulk,glass in turn represent
the expansion coefficients of the polymer sample at melt state, and the expansion
coefficients of a bulk polymer sample at glassy state.
Sharp et al. [22] performed experiments which provided direct evidence for the
existence of a liquid-like surface layer in ultra-thin glassy polymer films. In their
experiment Au nano-spheres, with radius R, were scattered on PS film surface, and
then an AFM tip was used to scan across the film surface to measure the height of
the spheres as a function of time. This was done by holding the samples at constant
temperature and was repeated for a range of temperatures above and below the bulk
Tg of the polymer. Quantitative analysis showed that if the PS films are in liquid
state, the nano-spheres will immerse into the film surface slowly and will settle down
at an equilibrium height determined by the geometry of the spheres and the equi-
librium contact angle of PS on gold. This was proved in their experiments. When
nano-spheres with R = 5nm were used, ∼8nm of those spheres was immersed into the
liquid PS films, and when nano-spheres with R = 10nm were used, ∼16nm of those
spheres was immersed. Quantitative analysis also pointed out that if the surface of
the PS films were glassy, no embedding would be expected. Sharp et al. pursued the
embedding experiments on PS films at temperatures below Tg, with Au nano-spheres
of those sizes. In those experiments they observed the embedding of nano-spheres
by ∼4nm (independent of nanosphere radius), which strongly suggests the existence
of liquid like surface layers at temperatures below Tg. At temperatures as low as
∼7 K below Tg, the embedding depth of nano-spheres of both sizes was ∼4 nm, At
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higher temperatures (which is still below Tg), the embedding depth depends on the
temperature, which suggests that the thickness of the surface layer is temperature
dependent. These quantitative observations confirmed Keddie et al.’s theory about
the liquid like surface layer on polymer films.
Indirect proof of the existence of liquid like surface layer comes from an experiment
done on ‘free-standing’ PS films, which have no supporting substrate and are expected
to have twice the surface-to-volume ratios of simple supported films, as illustrated in
Fig. 2.4. Tg measurement on these films revealed that the Tg reduction in a thin sup-
ported film (the film thickness is h) is the same as the Tg reduction in a free-standing
film whose film thickness is 2h. These studies also revealed that for a free-standing
film with thickness h, the Tg of it is roughly the same as that of a supported film
with thickness h/2. These results provide additional evidence to support the theory
postulated by Keddie et al.
However, some studies [36, 14, 2] on free-standing films also revealed some contra-
dictory results that suggests the mechanism underlying this phenomenon could be
much more complex. In Keddie et al.’s study of supported films, it was found that
the molecular weight has no effect on thickness dependence of Tg, and they concluded
that the molecule confinement in thin polymer films are not the origin of Tg reduction.
This was confirmed by Ellison et al. who studied supported PS films and found that
in a broad Mw range of 5K - 3000K g/mol MW has no effect on thickness dependence
of Tg. However, further studies on free-standing PS films [36, 14, 2] revealed that
although there is no molecular weight dependence of Tg reduction when Mn < 514K,
the thickness dependence of the Tg is affected by molecular weight in polymers with
larger molecular weights. This is illustrated in Fig. 2.5. From the plot we can see
in polymer films where Mn > 514K, the molecular weights have strong effect on the
thickness dependence of Tg. Further quantitative analysis shows that h0/REE is quite
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Figure 2.4: Comparison of a free-standing polymer film and a polymer film supported
by a substrate. No supporting substrate exists in a free-standing film, and therefore a
free-standing film is expected to have liquid-like free surfaces on both sides.
constant for all molecular weights, where h0 is the threshold film thickness at which
Tg reductions start to occur, and REE is the end-to-end distance which increases with
increasing molecular weight, as was discussed in chapter 1. The constant h0/REE for
all molecular weights strongly suggests that for the samples with bigger molecular
weights, the chain confinement becomes the dominant origin of the thickness depen-
dence of Tg in free standing films.
Another method of verifying the existence of the free surface with enhanced mobility
was also developed. This was done in an attempt to cover the free surface with a
rigid layer to remove effect of the mobile surface. An example is the experiments that
were performed on PS films [2] coated with SiO2 layers. The thickness dependence
of Tg was found to be essentially the same as those for un-coated PS films. Another
study performed on PS films with thermally evaporated Al capping layers [3] obtained
similar results. These results seem to contradict Keddie et al.’s free surface theory.
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Figure 2.5: Thickness dependence of Tg for free-standing PS films of different molec-
ular weights. The plot is taken from reference [36] and reproduced with permission
from Phys. Rev. E. The arrows indicate the REE values of PS molecules in bulk sam-
ples for each molecular weight. The solid line is the fit to the data sets measured on
free-standing PS films with smaller (Mn < 514K) molecular weights. The horizonal
dotted line indicates bulk Tg value, and the rest of the dotted lines are fits to data sets
measured on samples with larger molecular weights. Eqn. 2.1.1 was used as the fitting
function in those fits.
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However, Sharp et al. [22] designed an experiment to address this contradiction.
They revealed that removal of the effect of free surface by evaporating layers depends
highly on the coating procedure. In their experiments PS films were capped with both
evaporated Al layers and evaporated Au layers. It was found that thickness depen-
dence of Tg exists in Al capped PS films, as is consistent with some previous studies,
but it doesn’t exist in Au capped PS films. This result suggests that to remove the free
surface effect with metal capping layer is possible, but the Al evaporated capping layer
may not actually contact well with the polymer films. Sharp et al. further prepared
a series of PS film samples (named ‘2(h/2)’ samples) with Al capping layers, using a
special procedure to be described in a later chapter. In those ‘2(h/2)’ samples the Al
capping layers were expected to be in good contact with film surfaces. The thickness
dependence of the Tg was found to be suppressed in these samples. It was also found
that in Au evaporatively capped films and in 2(h/2) samples the thickness depedence
of expansivity in glassy state also disappeared. Furthermore, they demonstrated that
removal of the Al capping layers in the 2(h/2) samples using a simple chemical treat-
ment resulted in the restoration of the free surface effect, and the recovery of the
thickness dependent Tg. All these observations suggest that the microstructure of the
interface between polymer films and the capping layers is an important factor in de-
termining whether the free surface effects are removed during the capping procedures.
There are further experiments that don’t agree with the theory postulated by Ked-
die et al. Kawana et al. reported some results [20] that suggested the thickness of
the liquid like surface layer was independent of temperature. Fig. 2.6 is taken from
reference [20], where the thickness of the liquid like surface layer is calculated from
ellipsometry data using Equ. 2.1.3. It is found that, below glass transition region,
there is no strong evidence that the thickness of the liquid like surface layer is tem-
perature dependent within the limits of experimental uncertainty. These authors also
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found that at temperatures below Tg the thickness of this layer is ∼ 10nm for all films
studied regardless of their total thicknesses. This was attributed to a much weaker
temperature dependence of the thickness of this layer at temperatures below Tg.
Figure 2.6: Temperature dependence of the thickness of the liquid like surface layer in
PS films supported on silicon substrates. The thickness of the liquid like surface layer
is calculated with Equ. 2.1.3, and it is found that below glass transition region this
value is neither temperature dependent nor thickness dependent. The plot is taken
from reference [20] and reproduced with permission from Phys. Rev. E.
Detailed experiments and analysis have been performed in an attempt to study the
width of the glass transition region in thin PS films. Kawana et al. [20] reported
that the upper temperature limits of glass transition region (T+) don’t significantly
depend on film thickness, while the lower temperature limits of glass transition region
(T−) are depressed in thinner (<∼40nm) PS films. This results in widening of the
glass transition region with decreasing film thickness. Kawana et al [20]. proposed an
explanation using a three-layer model that was originally proposed by DeMaggio et
al.[13]. In that model a supported polymer film consists of three layers, the liquid like
surface layer, the layer near to the substrate with reduced mobility, and the middle
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layer. During a cooling process the layer near to the substrate drops out of equilib-
rium first, which indicates the onset of the glass transition. This is followed by the
vitrification of the glassy region. The liquid-like surface layer drops out of equilib-
rium last, which indicates the T+ of the glass transition. For all films measured in the
experiments, the bottom layers dropped out of equilibrium at the same temperature,
which explained why the onset temperature of the glass transition are all the same for
all film thicknesses. In the thinner films the relative contributing of the surface and
middle layer change with film thickness, making T− of the glass transition be smaller
than those in the bulk samples. Kawana et al. [19] further reported some consistent
results. In these experiments PS films supported on Si wafers were heated above Tg
to establish equilibrium, and then cooled down to a temperature below Tg and kept
at that temperature for as long as 7 days. This ensured that all samples had the
same thermal history. The samples were then heated up at a constant rate and the
thickness was monitored by ellipsometry. The upper limit temperatures of the glass
transition were found to be quite the same for all film thicknesses, and the lower limit
temperatures were found to decrease with decreasing film thickness. This confirmed
their previous observations. In this study (to be described in detail in Chapter 4)
we used ellipsometry to study the thickness dependence of the Tg in ultra-thin poly
(tert-butyl methacrylate) (PtBMA) films [37]. We also found that T+s and T−s as
functions of film thickness is similar to Kawana et al.’s observations, which suggests
that thickness dependence of T+ and T− may not rely on the chemical constituents
of polymers.
Influence of molecular microstructure
Micro-structure of polymer films and their thermal history were found to signifi-
cantly affect the glass transition in thin polymer films. Fig. 2.7 is taken from [8],
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where the thickness dependence of glass transition in spin-coated PtBMA films, and
PtBMA Langmiur-Blodgett (LB) films with and without annealing were measured.
Spincoated PtBMA films and annealed LB PtBMA films exhibit essentially the same
bulk Tg values (∼ 110◦C), and display a similar thickness dependence of Tg with
large Tg reductions (∼ 60K) in thin films (<∼ 40nm). In contrast, the LB PtBMA
films that were prepared without being annealed showed no thickness dependence of
glass transition, and their bulk Tg values (∼ 80◦C) are much smaller. This could be
attributed to the presence of the solvent in the un-annealed LB films. In the present
work (to be described in detail in Chapter 4) we studied the thickness dependence of
glass transition with annealed PtBMA films. Our results showed the bulk Tg values
of PtBMA films are the same as those presented in these other studies (∼ 110◦C),
but the Tg reduction observed is much smaller. However, the Tg reductions reported
in our work are consistent with reports of the thickness dependence of the Tg in other
polymers). All these results showed the effect of thermal history and molecular mi-
crostructure on the thickness dependence of glass transition in thin polymer films.
The role of substrate effect
In some cases the interaction between polymer films and their supporting substrates
had a significant influence on the thickness dependence of Tg in thin polymer films.
For example, Fryer et al. [38] measured the thickness dependence of Tg in atactic
PMMA (a-PMMA) films supported by hexadimetyldisilazane (HMDS) treated sili-
con wafers and SiOx substrates. They obtained quite different results from samples on
different substrates. For the a-PMMA films spincast on HMDS treated silicon wafers
(which are thought to be hydrophobic), a reduction of Tg (∼ 20◦C) was observed on
a thin (35nm thick) a-PMMA film, and samples spin-cast onto SiOx substrates dis-
played an elevated Tg by∼ 8◦C was observed on a sample with the same film thickness.
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Figure 2.7: thickness dependence of Tg in spincoated PtBMA films on silicon substrates
◦ and PtBMA films with ¥ and without • being annealed. The plot is taken from
reference [8] and reproduced with permission from Langmuir
Different measurement methodologies have been reported to affect the measured dy-
namic properties in ultra-thin polymer films. Fig. 2.8 (from [39]) shows thickness
dependence of Tg in thin syndiotactic (s-PMMA) films and isotactic (i-PMMA) films,
which were measured using both ellipsometry and dielectric spectroscopy. It has been
well known since the work of Karastz [40] that bulk i-PMMA and s-PMMA samples
have quite different Tg values. These results measured from thinner films of PMMA
stereoisomers makes the problem more complex. The most striking observation is
that the Tg(h) is different when the samples were measured using ellipsometry and
dielectric spectroscopy. For s-PMMA samples, the dielectric measurements results
gave a smaller Tg reduction in thin film samples than the ellipsometry measurement
results. For i-PMMA samples, the results measured by different measurement tech-
niques have much larger difference. While the Tg decreases with decreasing film
thickness in the dielectric measurements, in the ellipsometry measurements the Tg
increased with decreasing film thickness. An explanation for these observations is
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related to the different samples used in these two kind of measurements. The films
used in dielectric measurements were sandwiched between two alumium electrodes,
but those used in ellipsometry measurements were simply supported on substrates.
Figure 2.8: thickness dependence of Tg in s-PMMA films and s-PMMA films measured
by both ellipsometry (• ◦) and dielectric spectroscopy (¤ ¥). The plot is taken from
reference [39] and reproduced with permission from Eur. Phys. J. E
Influence of experiment time scale/measurement frequency
The experiment time scale/measurement frequency is also a potentially important
factor in determining the thickness dependence of Tg in polymer films. Fig. 2.9 is
taken from reference [39], where the Tg of i- and s- PMMA films on silicon substrates
were measured using DSC. The Tg of a bulk i-PMMA film decreases with decreasing
heating rate, and the Tg of a 35nm i-PMMA film remains constant with decreasing
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Figure 2.9: Tg as a function of heating rate for bulk s-PMMA films (pink ¥), 35nm
s-PMMA films (N), bulk i-PMMA films (blue ¥) and 35nm i-PMMA films (pink N).
The plot is taken from reference [39] and reproduced with permission from Eur. Phys.
J. E
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heating rate. The Tg of a bulk s-PMMA film also decreases with decreasing heating
rate, and the Tg of a 35nm i-PMMA film also remains constant with decreasing heat-
ing rate. In reference [21] PS films were measured with ellipsometry and displayed
a quite different behavior. For all films the Tg is was found to be larger at higher
cooling rates. The thickness dependence of the Tg obtained at higher cooling rate
tends to diminish. Fig. 2.10 is taken from [21], which shows the log (cooling rate) vs
1/Tg. This plot suggests that at a certain cooling rate the Tgs obtained from all films
become the same (T∗). In the cooling rate range 1 − 130Kmin−1 the data obtained
from the thicker films was fitted accurately with VFT function, while the thinner films
were found to obey an Arrhenius law. Fakhraai et al. explained this using theory of
finite size effect [21]. They suggested that in thinner films, The size of cooperative
relaxation region (CRR) Z∗ increases with decreasing temperatures. When a polymer
film sample is cooled down from the liquid state, Z∗ may become larger than the film
thickness h. This can be illustrated in Fig. 2.11. When Z∗ > h the authors argued
that the cooperative segmental motion become a simple activated process (Arrhenius
relaxation) and the activation energy is a function of the film thickness. This theory
is confirmed by the data shown in the inset in Fig. 2.10, where activation energy of
thin films is plotted against film thickness.
2.2 Thickness dependence of physical aging in thin
polymer films
Developing an understanding of the molecular level processes that underly the glass
transition and physical aging are central challenges in condensed-matter physics [41].
Many studies have concentrated on the study of glass transition in thin polymer films,
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Figure 2.10: Cooling rate vs 1/Tg for 90 •, 24 ¨, 11 N and 6 ¥ nm PS films. This
plot suggests that at a certain cooling rate the Tgs obtained from all films become the
same (T∗). The inset shows the activation energy as a function of film thickness.
The dashed line in the inset of the figure indicates the activation energy of bulk PS
samples. The plot is taken from reference [21] and reproduced with permission from
Phys. Rev. Lett.
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Figure 2.11: The size of cooperative relaxation region (CRR) Z∗ increases with de-
creasing temperatures. When a polymer film sample is cooled down from the liquid
state, Z∗ may become larger than the film thickness h. When Z∗ > h the cooperative
segmental motion become a simple activated process (Arrhenius relaxation) and the
activation energy Eactivation is a function of the film thickness.
but only a few studies were aimed to study physical aging processes in thin polymer
films. Recent studies [42, 43, 44, 45] of aging in thin PS films showed that, for a bulk
PS sample physical aging was observed at temperatures below Tg, but disappeared at
temperatures above Tg as expected. In thinner PS films (<40nm thick), where reduc-
tions in the measured Tg were reported, physical aging was not observed when these
samples were held above their measured Tg but below the bulk Tg of the polymer.
Only when the aging temperature was smaller than their measured Tg could physical
aging be observed.
Fig. 2.12 is reproduced from ref. [46] and shows physical aging obtained from 500nm
thick ♦ and 200nm thick ¤ PMMA films. The quantity rf shown in this figure is
proportional to the physical aging rate, defined by r = (1/V )(dV/d log(t)), where V
is the sample volume and t is the aging time. In the first plot the aging rate is plotted
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against the measured temperature. In the second plot the aging rate is plotted against
quench depth Tg,bulk−Taging. The most remarkable observation is that the aging rate
vs temperature measured from the thicker films is quite different from that measured
from the thinner films. For a 500nm thick sample, the aging rate increases with de-
creasing aging temperature, and settles down at a low aging temperature. This can be
explained by the competing mechanisms underlying the physical aging. The physical
aging rate is determined by two factors, the distance to equilibrium, which serves as
the driving force of the physical aging, and the polymer density, which is a function
of temperature. At a lower aging temperature, the distance to equilibrium becomes
larger which can accelerate the physical aging rate, but the lower temperatures result
in a larger polymer density and smaller specific free volume. The smaller specific
free volume determines that the physical aging process is slow. The increasing aging
rate with decreasing aging temperature observed in this experiment suggests that the
enlarged distance to equilibrium serves as a dominant factor in determining the aging
rate in this case. A thinner PMMA films exhibits maximum aging rate at 20◦C below
Tg. This can be explained by that the competition between the driving force and the
molecular dynamics, as is illustrated in Fig. 2.13.
Polymer molecules near the free surface, the substrate and the central region of the
film may relax in different ways after being quenched from melt state to glass state.
Priestley et al. [47] studied molecular relaxation at different distances from the free
surface. To measure the molecular relaxation at a given distance, a thin layer of
the film was doped with fluorescent molecules. Microscopy was used to measure the
relaxation rates of the doped layers by monitoring the quenching rates during energy
transfer. The relaxation rate is plotted against the depths of the doped probe layers
(Fig. 2.14). Relaxation rates of the layers near the two interfaces (polymer-air and
polymer-substrate) were found to be slower than those in the central layers. Priestley
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Figure 2.12: The first plot shows physical aging rate as a function of aging tem-
perature, and the second one shows physical aging rate as a function of quench
depth. ♦ represents data measured from 500nm PMMA film and ¤ represents
data measured from 20nm PMMA films. rf is proportional to physical aging rate
r = (1/V )(dV/d log(t)). The plot is taken from reference [46] and reproduced with
permission from Macromolecules
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Figure 2.13: The competition of the driving force and the molecular dynamics gives a
maximum in physical aging rate τ−1
et al. [47] proposed that the origins of aging rate reduction for the layers near the
free surface and the layers near the interface are not the same. For the layers near the
free surface, because these layers have smaller Tg values, the driving force is smaller
in these layers. For the layers near the substrates, the origin of the reduced relax-
ation rate is the suppressed segmental mobility as a result of the H-bonds between
the film and the substrate. Another remarkable observation is that the effect of the
free surface and the substrate interface penetrates a long way (>100nm and <250nm)
into the central region of the film compared with the estimates of the thickness of the
liquid-like surface layer.
Several studies [29, 30] found that even in a very wide thickness range (several nms
to less than one hundred microns) physical aging is dependent on the film thickness.
Fig. 2.15 (taken from [30]) shows the thickness and temperature dependence of ag-
ing rate (defined as r = ∂ log ρ/∂ log t) in Polysulfone (PSF) films. Physical aging
rate was found to be higher in thinner films or at higher temperatures. At higher
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Figure 2.14: Distribution of the structural relaxation rate. The data is obtained from
PMMA film measured at 305K. The color gradient represents the gradient of the
relaxation rate, which is lower near the free surface and the substrate. The molecules
near the free surface exhibit a factor of 2 reduction in relaxation rate and the molecules
near the substrate exhibit a factor of 15. The effects of the free surface and the
substrate both penetrate a long way (>100nm and <250nm) into the central region
of the film compared to the estimates of the thickness of the liquid-like surface layer.
The plot is taken from reference [47] and reproduced with permission from Science
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temperatures (close to, but below the Tg,bulk), thickness dependence of physical aging
becomes weaker. In thinner films, the temperature dependence of physical aging also
becomes less significant. Huang et al. [30] suggest that the accelerated physical aging
in thinner films was due to easier diffusion of free volume from the central regions
of the film to the surface. It is remarkable that in their experiment the thickness
dependence of physical aging was observed in a wide thickness range (up to 1 µm),
which is quite different from the results obtained from the studies of the thickness
dependence of the glass transition and the nano particle embedding. That makes it
unlikely to explain it with the theory of liquid like free surface. In reference [29] this
dependence is found extend further to 50µm. These observations are from films much
thicker than the films in our interests.
Figure 2.15: Physical aging rate as a function of polymer film thickness. The data
are shown for PSF sample measured at different temperatures. The plot is taken from
reference [30] and reproduced with permission from Macromolecules.
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2.3 Motivation for experiments
Although the glass transition and relaxation process in bulk polymer material has
been extensively studied, the nature of relaxation processes in ultra-thin films hasn’t
been clarified. A number of important questions regarding are still not answered,
which are summarized below:
1. What influence do the free surfaces and confinement effects have on molecular
relaxation processes in glass forming liquids? What is the relationship between
polymer segmental relaxation dynamics and those of entire polymer chains in
thin films?
2. Are there any intrinsic differences in the mobility of polymer molecules near
free surfaces relative to the bulk polymer? If so, how do these differences affect
the Tg of the thin polymer films?
3. Why, and how exactly does Tg reduction in thin polymer films depend on cool-
ing rate/measurement frequencies? In dielectric spectroscopy studies, is the α
relaxation/glass transition dependent on film thickness over a large frequency
range? Can a concensus be reached about how cooling rates and measurement
frequencies influence the measured properties of thin polymer films?
In the present study the relaxation process will be studied on several types of poly-
mer film samples. Some types of samples are expected to have a free surface on top
and some others are expected to have no free surface. Complementary measurement
techniques (ellipsometry and dielectric spectroscopy) were used in these studies. We
also used several kinds of polymers (polystyrene, poly tert-butyl methacrylate and
polyvinyl acetate) in these studies, to show that the results are generic and are not
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specific properties of a single polymer chemistry. The comparison of the results mea-
sured from different polymers, different sample structures and the results measured
by complementary techniques will hopefully provide some information that will help
to address the problems discussed above.
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Chapter 3
Experimental Techniques
3.1 Spin-coating
In the present work polymer films are prepared by spin-coating, which is an easy,
quick, and reproducible approach to prepare uniform thin polymer films with well-
controlled thickness. Spin-coating is a well established technique and is a widely used
film-forming method. It has been applied in microlithographic process to produce
photoresists in microelectronics industry. Some papers have been dedicated to the
study of this phenomenon [1, 2].
The home-built spin-coater used in our experiments is sketched in Fig. 3.1:
As illustrated in Fig. 3.1, the hollow hole at the axis is kept in vacuum by a rotary
pump, and the different pressure between the vacuum and the environment holds the
sample substrate tightly on the rubber pad. To prepare a polymer film, firstly a small
amount of polymer solution is dropped on the sample substrate; secondly the axis is
rotated by a motor, and in this experiment the rotation speed is several thousand rev-
olutions per minute; finally most of the solution is thrown off and the solvent residue
drys out in the air and the content left on the substrate forms a uniform film. Volatile
organic solvents are usually used to accelerate evaporation during spin-coating. The
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Figure 3.1: The structure of our spin-coater
system is put in a fume cupboard so that the evaporated solvents, often poisonous,
can be vented quickly and won’t harm the operator.
Film thickness can be controlled both by varying the concentration of the solution
and by varying the spin speed. In the present work, film thickness is controlled by
varying the concentration of solutions. Film thickness isn’t always a simple function
of the solution concentration, and the relationship often needs to be determined by
experiment.
Films formed by spin-coating often contain internal stresses, and before being used
they are usually heated up to melt state, held at the melt state for several hours and
then cooled down to room temperature to remove the stress as well as any excess
solvent. This process is called annealing. In the present work samples are annealed
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in vacuum or dried nitrogen gas to exclude the possibility of influence from oxygen
and humidity, and to remove possible stress formed in spin-coating.
3.2 Thermal evaporation of metal layers
In the present work all metal layers were prepared with vacuum evaporation. Vac-
uum evaporation is a method used to prepare thin and uniform metal layers. Fig.
3.2 shows the structure of the evaporator used in this work. In an evaporation the
chamber covered by the bell jar is pumped into vacuum firstly. In this system a rotary
pump and a diffusion pump is combined to create a low vacuum environment (in the
present experiments the pressure is < 1×10−5) so that neither the boat nor the metal
inside are oxidized during evaporation. The low vacuum environment also prevents
contamination of the samples. The metal in the boat is then heated up to its boiling
point, and the metal vapor will form a film on the cold sample surface. A mask is
put beneath the samples so that only the area to be coated is exposed to the metal
vapor while the remaining area remains clean. A quartz sensor is put close to the
samples to monitor the film thickness during evaporation, and once the metal layer is
found to grow to the required thickness, the shelter is closed immediately to prevent
further metal film growth.
3.3 Ellipsometry
3.3.1 Introduction to ellipsometry
Ellipsometry measures optical properties of thin films and bulk materials. In the case
of thin films this technique is particularly useful for determining the film thickness.
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Figure 3.2: The structure of the evaporator used in this work. a combined use of the
rotatory pump and diffusion pump is able to make a low air pressure (1× 10−5 torr)
in the bell jar. Metal is put in the boat and then heated up to boiling point. The metal
vapor deposits on the sample surfaces and form uniform metal layers. The thickness
of the layers is monitored by a quartz sensor which is placed close to the samples.
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It can also be used to measure birefringence of materials.
Figure 3.3: The basic structure of an ellipsometry
As illustrated by Fig. 3.3, a monochromatic light beam, usually generated from a
laser, passes through a polarizer and a quarter-wave plate in turn. The laser is ini-
tially randomly or circularly polarized, and it becomes linearly polarized after passing
through the polarizer. After passing through the quarter-wave plate, it becomes el-
liptically polarized, and this is where the name ‘ellipsometry’ is from. The elliptically
polarized laser then illuminates a region on the sample surface at a certain angle of
incidence and is reflected. At last it passes through a second polarizer, called the
analyzer, and then is received by a light intensity detector (such as a photodiode). In
a measurement, the fast axis of the quarter-wave plate is held at a fixed direction rela-
tive to the plane of incidence, and the two polarizers are rotated until a light intensity
minimum (or null) is detected. The two angles, formed between the polarization of
the polarizer/analyzer and the plane of incidence, are recorded and can be used to
calculate the optical properties of the sample. If the sample is a substrate, one can
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find its refractive index. If there is a film on the substrate, the film thickness, or the
refractive index of the film, or the refractive index of the substrate can be determined
in a single measurement (given the values of all other parameters). Ellipsometry is
often used in the case of multiple film layers, where the film thicknesses and the re-
fractive indexes of the layers can be determined at the same time. If samples are
birefringent (no birefringent sample will be used in this work), analysis of the data is
much more complex.
Fig.3.4 sketches the structure of the Ellipsometry system used in the present work.
A low power Helium-Neon laser serves as the source of monochromic and highly col-
limated light. The two polarizers are both high quality Glan-Thompson prisms, and
each prisms is mounted on a rotation stage (Newport Corporation) so that the polar-
ization angle can be adjusted accurately (resolution ∼ 0.0001◦). The rotation stages
are controlled by software through a motion driver. The fast axis of the quarter-
wave plate in this work forms an angle of 45◦ with the incident plane. The sample
is mounted on a sample stage which can adjust the sample precisely both in the
direction and in the position. Before a measurement, the direction of the surface
of the sample is finely adjusted until the reflected laser shines on the centre of the
photo-detector. Through adjusting the position of the sample we can also select a
sample area of interests for the measurement. The signals of the light intensity and
the sample temperature (measured by a thermo-couple placed close to the sample)
are converted to analogue electrical signals to be measured by a computer.
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Figure 3.4: Ellipsometry system in the lab
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Figure 3.5: A monochromatic light travels in +z direction. E0 represents the oscil-
lating electric field that lies in the x-y plane. The two components of E0 in the x
direction and the y direction are in turn represented by E0,x E0,y.
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3.3.2 Theory of ellipsometry
The Jones’ calculus
Consider a beam of monochromatic light traveling in the +z direction (see Fig. 3.5),
if E0 is a complex number representing the oscillating electric field that lies in the x-y
plane, E0 has two perpendicular electric vector components, one in the x direction
and another in the y direction. The two polarizations (x and y) of the light at z = 0
can be described by a vector:
(
E0,x
E0,y
)
Figure 3.6: A monochromatic light travels in +z direction. x axis is perpendicular to
z and is set in the incident plane. E0 represents the oscillating electric field that lies
in the x-y plane. The two components of E0 in the x direction and the y direction are
in turn represented by E0,x E0,y.
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The upper element represents the x component of the electric field and the lower one
represents the y component.
The polarization state of a light is determined by the relative amplitudes of the two
components of that vector, and the relative phase difference of the two components.
If the two components are both multiplied with a certain complex number, neither
the relative amplitudes of the two components, nor their relative phase difference will
be changed. This means the vector will represent the same polarization state after its
two components being multiplied with the same complex number. This can be used
to remove time dependence eiωt which affects both x and y component in the same way.
For example, to describe the polarization state of the laser that has passed through
the polarizer, we set the x axis to be in the plane of incidence and the z axis to be
in light traveling direction, as illustrated in Fig. 3.6. Then the polarization state of
light passing through a polarizer with its fast axis oriented at an angle P relative to
the plane of incidence has its polarization modified by a factor of
(
cosP
sinP
)
where P is the angle of the transmission axis of the polarizer referring to the incident
plane. A vector like this which only describes the change in polarization state is called
a Jones’ vector.
After passing through an optical component, the light will change to another polar-
ization state, and will be described by another Jones vector. Each optical component
can be described by a 2×2 matrix, called a Jones matrix, and the effect of this optical
component on the light passing through it can be described by multiplication of the
matrix with a Jones vector (which describe the polarization state of the light before
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being affected by this optical component). To save length, the Jones’ matrix of most
optical components will be given without derivation.
For example, after the linearly polarized light passes through the quarter-wave plate,
the fast axis of which form an angle Q with the plane of incidence, the Jones vector
becomes:
(
Ep,i
Es,i
)
=
(
cosQ −sinQ
sinQ cosQ
)(
1 0
0 −i
)(
cosQ sinQ
−sinQ cosQ
)(
cosP
sinP
)
(3.3.1)
where Ep,i and Es,i in turn represent the p and s components of the incident light.
The Jones’ vector of incident light and light reflected from the sample can be related
by:
(
Ep,r
Es,r
)
=
(
Rp 0
0 Rs
)(
Ep,i
Es,i
)
(3.3.2)
where Ep,r and Es,r in turn represent the x and y components of the reflected light,
and Rp and Rs in turn represent the reflectivity ratio of the x component and the y
component.
Rotation of the polarizer (that is, to change P ) will change of the polarization state
of the reflected laser. When the polarizer forms a certain angle with the plane of
incidence, the reflected laser will be linearly polarized, and can be extinguished by
the analyzer. Under this condition
i(ρEp,iE
∗
s,i) = 0 (3.3.3)
where Ep,r and Es,r in turn represent the p and s components of the reflected light.
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In Eqn. 3.3.3 ρ is a complex number and ρ = Rp/Rs. ρ is often expressed by:
ρ = tanΨexp(i∆) = tanΨcos∆ + itanΨsin∆ (3.3.4)
If Eqn. 3.3.1, Eqn. 3.3.3 and Eqn. 3.3.4 are combined together we can relate P and
A to ρ. It is found that for a given ρ there are four solutions for P and four solutions
for A in the range of 0◦ ∼ 360◦. Two solutions of P are
P =
1
2
tan−1(−sin2Qtan∆) +Q (3.3.5)
P =
1
2
tan−1(−sin2Qtan∆) +Q+ π/2 (3.3.6)
The other two others differing from these by π, which are actually the same as the
above two solutions. Eqn. 3.3.5 and Eqn. 3.3.6 suggest that P is determined only by
∆.
Quite often in practice Q = +45◦ or Q = −45◦. Because with these two param-
eters, the amplitudes of the two perpendicular electric vectors of the incident light
are equal. If Q = +45◦, from equation 3.3.5 and 3.3.6 the two solutions for P will be
P2 = −∆/2− π/4 and P4 = −∆/2 + π/4 (3.3.7)
and the corresponding values of A are
A2 = Ψ and A4 = −Ψ (3.3.8)
If Q = −45◦,
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P1 = ∆/2− π/4 and P3 = ∆/2 + π/4 (3.3.9)
and the corresponding values of A are
A1 = Ψ and A3 = −Ψ (3.3.10)
These results show that for a fixed Q, there are two sets of P and A solutions that
can extinguish the light. Sometimes for accuracy purpose, both the two sets of the
solutions are measured and are used to calculate the Pave and Aave in the following
equation.
Pave =
P1 + (P3 − 90◦)
2
and Aave =
A1 − A3
2
(3.3.11)
Pave and Aave are expected to be more accurate, and this kind of averaging is referred
to as zone averaging. The above equation assumes that Q = −45◦
Maxwells’ equations
The other half of the problem is relating the ∆ and Ψ to the optical properties of the
sample. Mathematical approaches, especially matrix methods have been developed
to address this issue. To save length only the non-matrix mathematical method will
be discussed below.
According to Maxwell’s equation
∇×−→E = −1
c
∂
−→
B
∂t
(3.3.12)
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where
−→
E is electric field and
−→
B is magnetic induction. for traveling light wave de-
scribed by the equation
−→
E =
−→
E0exp(iωt− i−→k −→r ) (3.3.13)
where
−→
k is the wave vector of light. we can develop the relationship
−→
k ×−→E = ω
c
−→
B (3.3.14)
−→
k can also be written as
−→
k =
nω
c
−→µ (3.3.15)
where n is the refractive of index of the material where this light is traveling. −→µ is
the permeability of the material and is parallel to
−→
k . Since at the frequency range
of visible light |−→µ | = 1, we have −→B = µ−→H = −→H where −→H is the magnetic field.
Equ.3.3.15 therefore can be written in the form:
−→
H = n−→µ ×−→E (3.3.16)
The Fresnel reflection coefficients of a bare substrate
We will calculate the Fresnel reflection coefficient of semi-infinite bare substrate first.
When light crosses an interface between two materials, the E and H components
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(a)
(b)
Figure 3.7: Reflection and refraction of p-polarized light and s-polarized light on a
bare semi-infinite substrate. n1 and n2 in turn represent the refractive index of the
upper media and that of the semi-infinite bare substrate. θ1 and θ2 in turn represent
the incident angle and the refractive angle. Ep,i and Hp,i in turn represent the electric
field and magnetic field of the incident p-polarized light; Ep,r and Hp,r in turn represent
the electric field and magnetic field of the reflected p-polarized light; Ep,t and Hp,t in
turn represent the electric field and magnetic field of the refracted p-polarized light;
Es,i and Hs,i in turn represent the electric field and magnetic field of the incident
s-polarized light; Es,r and Hs,r in turn represent the electric field and magnetic field
of the reflected s-polarized light; Es,t and Hs,t in turn represent the electric field and
magnetic field of the refracted s-polarized light;
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parallel to the interface have to be conserved on either side, as illustrated by Fig.3.7.
considering only the p component, we have
Ep,icosθ1 − Ep,rcosθ1 = Ep,tcosθ2 (3.3.17)
Hp,i +Hp,r = Hp,t (3.3.18)
Since the magnititude of H is given by nE by Eqn. 3.3.16, Equ.3.3.18 becomes
n1Ep,i + n1Ep,r = n2Ep,t (3.3.19)
Equation 3.3.17 and 3.3.19 can be combined together to obtain the reflection coeffi-
cients rp and transmission coefficients tp of the p-polarized light.
rp =
n2cosθ1 − n1cosθ2
n2cosθ1 + n1cosθ2
=
Ep,r
Ep,i
(3.3.20)
tp =
2n1cosθ1
n2cosθ1 + n1cosθ2
=
Ep,t
Ep,i
(3.3.21)
According to Snell’s law, n1sinθ1 = n2sinθ2, so θ2 can be eliminated and
rp =
n2cosθ1 − n1
√
1− n21sin2θ1/n22
n2cosθ1 + n1
√
1− n21sin2θ1/n22
(3.3.22)
tp =
2n1cosθ1
n2cosθ1 + n1
√
1− n21sin2θ1/n22
(3.3.23)
Similarly for the s component we have
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rs =
n1cosθ1 −
√
n22 − n21sin2θ1
n1cosθ1 +
√
n22 − n21sin2θ1
(3.3.24)
ts =
2n1cosθ1
n1cosθ1 −
√
n22 − n21sin2θ1
(3.3.25)
Since ρ = rp/rs, it is found that given n1 and the angle of incidence, n2 can be calcu-
lated by
n2 = n1 tan θ1
√
1− 4ρ sin
2 θ1
(1 + ρ)2
(3.3.26)
In a single measurement the refractive index of a semi-infinite substrate can be cal-
culated from ρ (i.e. Ψ and ∆), which in turn is calculated from the measured P and
A values.
Figure 3.8: The light path formed by multiple reflection when a beam of light shines on
a film supported by a semi-infinite substrate. n1, n2, n3 in turn denote the refractive
index of the environment, the film and the substrate. D represent the film thickness
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The Fresnel reflection coefficients of a thin film
Next we will calculate the reflectivity of a thin film supported on a semi-infinite sub-
strate. When a beam of light shines on the sample, It is reflected at each interface
and ‘bounces’ around inside the film, as illustrated in Fig. 3.8. At each interface
some of the light is reflected and some is transmitted. The absorption processes will
not be discussed because the absorption of all the samples used in the present work
can be ignored. The total reflected amplitude of light of a given polarization can be
described by
E = E0(r12 + t12e
−iδr23e
−iδt21 + t12e
−iδr23e
−iδr21e
−iδr23e
−iδt21 + · · · ) (3.3.27)
Following are the definitions of the symbols used in this equation. When a portion of
light shines from the fist media on the surface of the second media, r12 is defined to
be the ratio of the amplitudes of the reflected and incident light. r21, r23 are defined
in the similar way. t12, t23, t21 represent the amplitude ratios of the transmitted light
at each corresponding interface. e−iδ is the phase shift that’s introduced when light
passes through media 2. δ can be calculated by δ = kcosθ2D = 2πn2cosθ2D/λ, where
D is the film thickness and λ is the wavelength.
so for a given polarization the total reflection coefficient is:
Rtotal = r12 + t12t21r23e
−2iδ[1 + r21r23e
−2iδ + (r21r23e
−2δ)2 + · · · ] (3.3.28)
The following equation can help to simplify Eqn. 3.3.28
(1− x)−1 = 1 + x+ x2 + x3 + · · · (|x| < 1) (3.3.29)
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To do that, just let x = r12r23e
−2iδ, and Equ. 3.3.28 becomes:
Rtotal =
r12 + r23exp
(−2iδ)
1 + r12r23exp(−2iδ)
(3.3.30)
The total transmission coefficient can be derived in a similar way to give
Ttotal =
t12t23exp
(−2iδ)
1 + r12r23exp(−2iδ)
(3.3.31)
Through Eqn. 3.3.30 ρ can be expressed by the refractive indexes, film thickness and
the angle of incidence. The detailed expression is:
ρ =
Rp
Rs
=
(r12,p + r23,p exp
−2iδ)(1 + r12,sr23,s exp
−2δ)
(r12,s + r23,s exp−2iδ)(1 + r12,pr23,p exp−2δ)
(3.3.32)
In a single measurement, ρ is determined from P and A, and then is used to cal-
culate the refractive indexes or film thickness. This is done by minimizing |∆P |2 =
(Pexp − Ptheory)2 with respect to n and D.
3.4 Dielectric spectroscopy
Dielectric spectroscopy is used to study the dielectric properties of materials as a func-
tion of measurement frequency and temperature. The measured dielectric spectra can
be used to provide quantified insights to the molecular level dynamics of polymeric
materials. Since measurement frequency can range from 10−7 Hz all the way up to
1017 Hz, a broad variety of dynamics in this wide frequency range can be studied by
this method.
87
The basic structure of a dielectric spectrometer is illustrated in Fig. 3.9. The dielec-
tric media to be measured is put between the two electrodes which forms a capacitor.
An oscillating voltage is applied to the media by the system and the feedback current,
or the voltage between the two electrodes, is monitored. The dielectric permittivity
ε′ and the dielectric loss ε′′ can be calculated from the oscillating voltage applied to
the sample, the feedback current and the geometric configuration of the capacitor
(the calculation will be described in the theoretical subsection). Some measurements
keep the sample at a constant temperature and scan through a frequency range, and
the ε′ or ε′′ vs frequency is used as the measurement results. Some measurements
keep the frequency at a constant value and heat up/cool down the sample during the
measurement, and the ε′ or ε′′ vs temperature is used as the measurement results.
Figure 3.9: The basic structure of a dielectric spectroscopy
In the present work the dielectric properties of polymers are measured using a TA
2970 DEA, which can take measurements within a temperature range of -150◦C to
500◦C and through a frequency range of 0.1 - 100kHz. Fig. 3.10 schematically il-
lustrates this system. The samples are located on top of a heater and are in good
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thermal contact with it, so that the temperature of the sample surface can follow
the temperature of the heater. A frame in the bell jar can move up and down un-
der the driving of a motor. Four gold pins are fixed on top of the frame. Two of
them are for the connection with the electrodes of the capacitor and two others are
for the connection with RTD circuit, which is used to measure the temperature of
the sample. Before a measurement, the sample to be measured is mounted on the
heater, and then the frame moves down until the gold pins connect with the circuits.
At this stage the circuit as been connected and the system is ready for a measurement.
If purging is required, as is the case where water can be a problem (such as in the
present work), nitrogen gas or dried air should be connected as illustrated in Fig.
3.10. Purging rate has to be adjusted so that the purging media gently blows the
sample surface.
In some cases cooling media such as water or liquid nitrogen are required to be circu-
lated through the system, for example, some experiments require dielectric properties
to be monitored when temperature is cooled down at a certain constant rate. In these
measurements cooling media are connected as illustrated in Fig. 3.10. TA 2970 DEA
system has special functions to deal with liquid nitrogen circulation. In the present
work a lot of measurements had to be done, in which samples were required to be
heated up and cooled back frequently, so water was used to accelerate heating-cooling
cycles.
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Figure 3.10: The structure of TA 2970 DEA
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Figure 3.11: TA 2970 DEA
3.4.1 Models of media with one single relaxation time
The interactions between the atoms/molecules and the exerted external electric field
are usually very complex, and it is quite difficult to build an extensive model for
dielectric dynamics. In the following paragraphs several dielectric relaxation models
are discussed and the ‘bistable model’, possibly the simplest and most useful one, is
described in detail.
The bistable model, first treated by Fro¨hlich[3], assumes that a particle of charge e
can be in two positions, and the distance between these two positions b. At these
two positions the charge is at the minimum of the potential energy, as illustrated by
Fig.3.12. When the sample is not in electrical field, the number of charges in the
two wells are equal. When the two locations is in a local electric field E, A potential
91
Figure 3.12: The bistable model
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difference arises by ebE cos θ, where θ denotes the angle between direction of exter-
nal electric field and the direction determined by the two potential energy wells. To
make the calculation easier, we can just assume θ to be 0, which won’t affect the con-
clusion. This movement is equivalent to a turn by 180◦ of a dipole of moment µ = 1
2
eb.
The model assumes that the energy of charges obey statistical thermodynamics dis-
tribution, and the charges with energy higher than the potential energy barrier will
jump from one well to the other. The number of charges jumping from the first well
to the second one per unit time, represented by w12, will be
w12 = Ae
−
W−µE
kT (3.4.1)
Where T is the absolute temperature, k is the Boltzmann constant, and A a factor
which may or may not depend on temperature. W is usually described as activation
energy.
In practice, µE/kT ≪ 1, hence equ.3.4.1 can be simplified to
w12 = Ae
−
W
kT
(
1− µE
kT
)
(3.4.2)
The rate of charges jumping back is
w21 = Ae
−
W
kT
(
1 +
µE
kT
)
(3.4.3)
In equilibrium, the rate of charges jumping forward and the rate of those jumping
back are equal, i.e.
N1w12 = N2w21 (3.4.4)
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where N1 and N2 in turn denote the number of the charges in the first and the second
potential wells respectively.
The dipole P formed by these charges is
P = (N1 −N2)µ (3.4.5)
using Eqn.3.4.2, Eqn.3.4.3 and Eqn.3.4.4 we get
N1 −N2 = NµE
kT
(3.4.6)
where N = N1 +N2 remains constant. Equ.3.4.5 therefore becomes
P = N
µ2E
kT
(3.4.7)
This equation gives an explanation why the polarization of media is directly propor-
tional to the electric field.
In non-equilibrated state, The charge flow between the two wells is
dN1
dt
= −N1w12 +N2w21 (3.4.8)
and
dN2
dt
= N1w12 −N2w21 (3.4.9)
Comparing the two above equations results in
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2
dN1
dt
=
d(N1 −N2)
dt
(3.4.10)
combining Equ.3.4.2, 3.4.3, 3.4.5, 3.4.8 and 3.4.10 one get
1
2w
· dP
dt
+ P =
Nµ2E
kT
(3.4.11)
where w = Ae−WkT . The above equation can be written in this form:
τ
dP
dt
+ P = αE (3.4.12)
where τ = 1/2w and α = Nµ2/kT . This relationship suggests that relaxation rate
dP/dt is proportional to the distance to the equilibrium state αE − P . This is an
important base for the dielectric theory. As is shown in the later discussion, some
other models also lead to this relationship. In this model, τ is the characteristic time
scale for charges to jumping between the potential wells. If the sample is polymeric
material, it can be understand as the time scale for molecular segments to reorganize
themselves after an applied perturbation.
Another model that results in the same relationship is Debye’s classic model, which
treats dipolar molecules in non-polar liquids. This model assumes that the dipolar
molecules concentration is very small and that the electrostatic interaction between
dipoles can be ignored. The dipolar molecules experience Brownian motion in the
solvent, and the rotation of dipole orientation is hindered by friction force. When
samples are not in external electric field, the distribution of the orientation of the
dipoles is random and the total dipole equals to zero.
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When an external electric field is applied to the medium, more dipoles will point
to the direction of the external electric field. Calculation of this model found that
the relaxation rate obey Equ. 3.4.12, and the parameter τ is determined by
τ =
ζ
2kT
(3.4.13)
where ζ is a constant which characterize the friction hindering the rotation of the
dipoles.
The above models, however, didn’t consider the interaction between dipoles. In many
cases the interaction cannot be ignored. A variety of approaches have been brought
up with to address different types of the interactions between the dipoles. Discussion
of these approaches will be somewhat lengthy and will not be included.
3.4.2 Debye equations
The polarization of a medium as the response to an external electric field is usually
composed of two components. One follows the changing of the external electric field
intimately and the other one lags behind. As illustrated in Fig.3.13, when a step
external electric field is applied to a medium, the polarization of the media jumps
immediately to another level, and then the polarization slowly evolves to a saturated
level. The quick polarization is thought to be related to relaxation processes with very
short relaxation times, such as the polarization of the atoms. The slow polarization
is related to relaxation processes with long relaxation times, such as the cooperative
relaxation of polymer molecules. Hereby the quick component is represented by P∞,
the slow component is represented by PD and the saturated value of polarization by
Ps. P∞ and Ps are both proportional to the change of the electric field, so we can
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define two parameters ε∞ and εs to be:
ε∞ =
4πP∞
E
− 1 εs = 4πPs
E
− 1 (3.4.14)
The relaxation process of PD can be described using the model discussed in the pre-
vious section, that is:
τ
dPD
dt
+ Pd(t) = (εs − ε∞)E(t)
4π
(3.4.15)
Oscillating electrical field is much more useful in dielectric spectroscopy. For a peri-
odic field that is applied on the medium,
E(t) = E0e
iωt (3.4.16)
The general solution of equation 3.4.15 is
P ∗D(t) = Ke
−
t
τ +
1
4π
εs − ε∞
1 + ωτ
E0e
iωt ≈ 1
4π
εs − ε∞
1 + ωτ
E0e
iωt (3.4.17)
where K characterizes the initial polarization. The first term decays with time and
that’s why it’s neglected. In the case of oscillating electric field, a complex dielectric
constant is defined to be:
ε∗(ω) = 4π
P ∗D(ω, t) + P∞
E∗(ω, t)
+ 1 (3.4.18)
Combining Eqn. 3.4.14, Eqn. 3.4.16, and Eqn. 3.4.17 and Eqn. 3.4.14, we can
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Figure 3.13: A step electric field is exerted on a medium, and the polarization of the
medium is composed of two components: P∞ and PD. P∞ follows the electric field
intimately and PD slowly evolves to a saturated level, which is represented by Ps.
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represent ε∗(ω) by
ε∗(ω) =
ǫs − ǫ∞
1 + iωτ
+ ǫ∞ (3.4.19)
The real part (represented by ε′) and imaginary part (represented by ε′′) of ε∗ are
ε′(ω) = ε∞ +
εs − ε∞
1 + ω2τ 2
(3.4.20)
ε′′(ω) = (εs − ε∞) ωτ
1 + ω2τ 2
(3.4.21)
ε′ and ε′′ vs frequency or temperature is used as the results of dielectric spectroscopy
measurements. ε′ and ε′′ are plotted out in Fig. 3.14 against log (ωτ), where the
parameters εs = 8 and ε∞ = 2. tan δ, defined by
tan δ =
ε′′
ε′
=
(εs − ε∞)ωτ
εs + ε∞ω2τ 2
(3.4.22)
is also plotted out in that figure. The relaxation frequency is at the peak point in the
ε′′ vs frequency plot, or at the maximum slope in the ε′ vs frequency plot.
The solution of P as a function of time provides a proof to an important assump-
tion that with electric field disturbance dielectric response complies with linearity
and causality. Linearity means that the response at a certain time point is the sum
of all responses to stimuli, and the causality means that only previous stimuli will
affect current response. While it’s easy to accept that the response of a dielectric
medium follows the causality. The linearity of dielectric system wasn’t realized until
Boltzmann [4] proposed it in 1874 and J. Hopkinson [5] verified it in 1876. Later
experiments showed that under small electric fields dielectric systems hold linearity
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Figure 3.14: ε′, ε′′ and tan δ as a function of log(ωτ). The peak point of tan δ isn’t
at the same place as that of the ε′′
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pretty well. In this context, the response P (t) can be calculated by:
P (t) =
∫ t
−∞
E(µ)Ψ˙(t− µ)dµ (3.4.23)
where Ψ˙ is a decay function called current decay function.
3.4.3 Models of media with multiple relaxation time
The Debye equation fits well to many dielectric spectra, especially to those measured
from dilute solutions of large polar molecules in non-polar solvents. It also gives us
basic understanding of the origin and properties of dielectric spectra. In practice
there could be several relaxation processes exist in a sample. An example is in poly-
mer samples where several relaxation processes often exist. The most pronounced
one is the segmental cooperative relaxation which follows the VFT law, and this re-
laxation process is called α relaxation. The weaker relaxation processes are usually
related to some chemistry processes which follows the arrhenius law, and these weaker
relaxation processes are called β, γ... relaxations. The dielectric spectrum of a poly-
mer like this can be theoretically treated as the overlap of several Debye relaxation
spectrums. There are also some cases where the dielectric spectrum cannot be de-
scribed by Debye equation (or overlap of several Debye equations). For example, the
peaks of ε′′ as a function of logω are often observed to be wider than expected, or
to have asymmetric shapes, or even to behave further away from Debye relaxation.
There exist three popular treatments to this issue. One of them is to describe the
relaxation with an empirical function, which is usually an altered Debye relaxation
function. In polymer physics one of the most important empirical function is the
Havriliak-Negami (H-N) function [6, 7]. It describes the widening and asymmetry of
the relaxation peaks of ε′′ vs logω by two extra exponential parameters. Below is the
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Havriliak-Negami function:
ε∗ = ε∞ +
∆ω
(1 + (iωτ)α)β
(3.4.24)
The second one is to describe the relaxation in second order differential equations,
rather than keep using the first order ones. A second order differential equation is like:
ω20
d2(Ay)
dt2
+ τ
d(Ay)
dt
+ Ay = Ax (3.4.25)
This treatment is usually used at very high frequencies, and won’t be used in this
work.
The last one is to assume that these peaks are produced by overlapping of more
than one Debye peaks, and each peak reflects the relaxation of one kind of charge in
the material. The number of overlapping Debye relaxations can range from two to
continuous distributions. If K kinds of charges are supposed to exist, and each kind
is supposed to have n polarisable elements, Ψ˙(t) can be expressed by:
Ψ˙(t) =
∑
K
nkαK
τK
e
−
t
τK (3.4.26)
where the α is the polarizability. In this case P (t) can be obtained by calculating
the response of each charge, and then summing up those responses. The treatment
of ε∗(ω) is similar.
For a dielectric with a continuous set of charges. A distribution function y(τ) is
often used, which is defined by:
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y(τ) =
dεs(τ)
dτ
= 4πα(τ)f(τ) (3.4.27)
where f(τ) is the density function of charges. The distribution function was first
introduced in 1893 by Wiechert [8]. With this function dielectric constant can be
calculated by:
εs − ε∞ =
∫
∞
0
y(τ)dτ (3.4.28)
ε′(ω)− ε∞ =
∫
∞
0
y(τ)dτ
1 + ω2τ 2
(3.4.29)
ε′′(ω) =
∫
∞
0
y(τ)ωτ
1 + ω2τ 2
dτ (3.4.30)
In practice in stead of calculating ε∗, εs, ε
′ and ε′′ from y(τ), y(τ) is calculated from
ε∗ etc. which, can be obtained in experiments.
3.5 Atomic force microscope
The Atomic Force Microscope (AFM) is an important tool for imaging and manipu-
lating nanoscale objects. It was invented in 1985 by Binnig, Quate and Gerber [9].
Fig. 3.16 gives the typical structure of an AFM. A sharp tip is fixed on a flexi-
ble and reflective cantilever, and the cantilever is fixed on a piezo tube. To obtain
an AFM image, The piezo tube and the cantilever move toward the sample surface
under the driving of a step motor until the tip is in contact with the sample surface.
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The interaction energy between the AFM tip and the sample surface in most cases
are a competition between Pauli repulsion, approximated by a 1/r12 variation and
the attractive van der Waals (VDW) interactions, which vary as 1/r6. Hence the
tip-sample potential is given by
E(r) = 4ε
[(σ
r
)12
−
(σ
r
)6]
(3.5.1)
where ǫ is the depth of the potential well, r is the tip-sample distance and the min-
imum in the potential occurs at 21/6σ. Fig 3.15 illustrates the tip-sample force as a
function of the tip-sample distance. Since VDW’s force is proportional to −∇E(r),
it drops off quickly with distance (∼ 1/r7) and only the very end of the AFM tip
interacts with the surface. This makes the AFM highly sensitive.
Figure 3.15: The tip-sample force as a function of the tip-sample separation
After the AFM tip is in contact with the sample surface the piezo tube drives the
cantilever and the AFM tip to scan across the sample surface. The piezo tube can
provide precise positioning. A laser beam is used to illuminate onto the top surface
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of the tip and is reflected back to a photodiode. The photodiode is divided into two
or four sectors, and the out put voltage of those sectors are coupled to differential
amplifiers. The angular movement of the deflected light results in the sectors of the
split photodiode collect more light intensity that others. This difference is used to
determine the position of the laser beam, and hence the height of the tip. Voltage can
be fed back to the z piezo motor to keep the tip at a constant distance with respect
to the surface.
Figure 3.16: Diagram of typical AFM arrangement
Most modern commercial AFM tips and cantilevers are made of silicon or silicon
nitride. Fig.3.17(a) shows SEM images of an pyramid-like tip. Fig.3.17(b) is the
cantilever, with the common shape V, at the end of which stands the sharp tip.
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Figure 3.17: SEM image of an AFM cantilever
AFM usually works in the following imaging modes.
1. Contact Mode In this Mode the sample and tip are always in contact. The
feedback voltage from the photodiode keeps a constant cantilever deflection. In
this mode the repulsive wall of the interaction between the tip and the sample is
imaged. The main disadvantage of the contact mode is that it’s not suitable for
sticky or fragile samples. Because in this mode the tip is always in contact with
the sample, if the sample is sticky the surface corrugation does not only cause
vertical deflections but also a tiny twisting of the cantilever [10], which is often
unwanted because this lateral forces affect the images usually in a complex way
[11]; if the sample is fragile, the contact mode may simply damage the sample.
2. Tapping Mode (Also known as AC mode). In this mode when the tip is
driven to oscillate by the piezo tube. The frequency is usually just below the
resonant frequency of the cantilever. As the tip comes into contact with the
surface, the surface damps the oscillation of the cantilever, and the resonant fre-
quency of the cantilever shifts downward. The amplitude reduction is fed back
to computer, and the computer adjusts the PZT according to the feedback to
keep a constant tip-sample distance. The tapping mode is comparatively less
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destructive to samples the tip is only in contact with the surface for a small
percentage of each oscillation. This mode is more suitable for the imaging of
sticky and fragile samples.
3. Phase Mode Phase Mode The tip oscillates in the same way as that in the
Tapping mode. An image is built up according to the phase difference between
the driving oscillation and the cantilever oscillation.
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Chapter 4
Interfacial effects and the glass
transition in ultrathin films of poly
(tert-butyl methacrylate)
4.1 Introduction
Ultrathin polymer films provide an excellent model system for studying the effects of
surfaces, interfaces and molecular confinement on the nanoscale properties of poly-
meric materials [1]. Of particular interest are the role played by interfacial effects in
determining the glass transition in thin polymer films. [2, 3, 4, 5, 6]. The Tg reductions
that are routinely observed in these samples have been attributed to the existence
of a liquid like surface layer in thin polymer films or to finite size effects, and many
studies have been performed to test these theories. As discussed in chapter 2, de-
spite many consistent results, there also exist many other contradictory observations.
These have resulted in a significant amount of controversy and our understanding of
the nature of the dynamic properties of polymers near surfaces and the interfaces,
and their relationship to the physical properties in ultrathin polymer films remains
incomplete.
Interpreting the wealth of results and resolving the controversy that already exists
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regarding the dynamic properties of thin polymer films has proven to be a challenging
task. When comparing techniques that are designed to probe similar properties of
these samples a number of experimental considerations need to be taken into account.
For example, great care has to be taken to differentiate between experiments that are
designed to probe local segmental relaxations (such as those responsible for the glass
transition) and those that are designed to probe the motion of whole polymer chains.
Recent reports have provided strong evidence for the existence of a more mobile sur-
face region at the free surface of glassy polymer films [2, 7] and the existence of a
gradient in the dynamics of polymeric materials as we move away from the free surface
[2]. These studies suggest that it is likely that there are polymer chains near the free
surface that have segments in regions of enhanced mobility near the free surface, but
that also have parts of the chains buried in glassy regions of the film. These combined
experiments suggest that the enhanced surface dynamics that have been reported in
recent nanoparticle embedding [7, 6] and surface relaxation studies [8] (that probe
only the first few nanometers close to the surface of the films) may not be inconsistent
with measurements of polymer chain diffusion coefficients that are lower than those
observed in the bulk polymer [9]. If this gradient in dynamics exists, then the charac-
teristic relaxation times of the polymer close to the free surface would be expected to
vary by orders of magnitudes on length scales that are comparable to the dimensions
of a single polymer molecule. These effects are likely to be further complicated by the
presence of a substrate. These factors are likely to result in complicated dynamics
and the decoupling of segmental and whole chain motion in ultrathin polymer films.
A simple way of testing whether or not free polymer surfaces are responsible for
the reduced Tg in thin polymer films, is to try to manipulate the free surface and
to determine the resulting effect upon the measured thickness dependence of the Tg.
Previous attempts to achieve this have produced mixed results. The measured Tg
values for SiOx coated polystyrene (PS) films were found to be essentially the same
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as those for supported films with one free surface [10]. This result was confirmed in
dielectric studies of Al coated PS which also showed Tg behaviour the same as that of
supported films [11]. The comparison between these results and the Tg values mea-
sured in free standing films results in an apparent and striking inconsistency. If the
free surface is important in causing reduced Tg values in thin films then eliminating
the free surface must have an influence on the measured Tg values. The fact that this
does not seem to be the case has proven to be a major obstacle in understanding
thin film glass transitions. More recent results have suggested that the structure of
the polymer/metal interfaces produced by evaporating different metals on to poly-
mers can play a vital role in determining whether or not the free surface effects are
removed [6]. These studies also showed that PS films that are evaporatively capped
with Al display a thickness dependent Tg. However, when almost identical Al capped
PS films were prepared in such a way that great care was taken to ensure that the
free polymer surface was removed, the thickness dependence of the Tg was suppressed.
In the studies of the glass transition in ultrathin polymer films, some efforts had
been made to study ultrathin poly(tert-butyl methacryalte) (PtBMA) films. The
capability of PtBMA to form both spincast films and Langmuir-Blodgett (LB) films
is of particular interest to researchers. The thickness dependence of Tg in PtBMA
spincast films, as a comparison to that in PtBMA LB films, helps to address the
relationship between the nano-scale structure in ultrathin polymer films and their
physical properties. However, despite all the efforts put into this area, some contra-
dictory observations remain even in the most basic features. For example, Hsiung et
al. and Mabuchi et al. [12, 13, 14]reported that the measured Tg in ultrathin polymer
LB films was similar to the values obtained from the bulk samples, but See et al. [15]
showed that significantly reduced Tg exist in ultrathin LB films.
In the present work we describe an experimental study of the glass transition in
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ultrathin spin cast films of poly (tert-butyl methacrylate) (PtBMA) supported on
Aluminium (Al) substrates. Ellipsometry was used to measure the thickness de-
pendence of the Tg in PtBMA films with thickness values in the range 6-415 nm.
Experiments were performed on uncapped PtBMA films, as well as films that were
capped with thermally evaporated Al layers and Al capped films that were manufac-
tured using the previously developed 2(h/2) sample preparation procedure [5]. We
show that uncapped and evaporatively capped PtBMA films display Tg depressions
of ∼ 28 K relative to the bulk polymer for films as thin as 6 nm. However, Al capped
films that were prepared using the 2(h/2) technique display bulk like Tg’s for all the
thickness values studied. These experiments confirm that evaporating metal capping
layers on to thin PtBMA films does not necessarily remove the effects of the free
surface. They also show that it is possible to remove the memory of the free surface
using the 2(h/2) sample preparation procedure and that preparing the samples in
this way results in bulk-like properties in all measured quantities for films as thin as 6
nm. This study provides strong evidence that free polymer surfaces play a significant
role in determining the physical properties of nanoscale polymer samples.
4.2 Sample preparation
To demonstrate the effects of the free surface and the capping layers, samples were
prepared using different methods. Five sets of PtBMA samples were prepared and
measured in this study. All of these sample sets cover a wide range of PtBMA film
thicknesses (6-415 nm).
For all samples sets, 1.2cm × 1.2cm single crystal silicon wafers were used as sub-
strates. In the first sample set, these bare silicon wafers were used as supplied and
PtBMA films were spin-coated on the top of the bare silicon surface. In the remaining
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sample sets, the Si wafers were coated with a 300nm thick 99.999% alumium (Al) layer
before being spin-coated. The Al layers were thermally evaporated onto the silicon
wafers. The evaporation rate was 5.0nm/s and the pressure used in the evaporation
chamber was below 1× 10−5 torr. A type T thermocouple, i.e. a thermocouple with
copper anode and constantan cathode, was hung close to these silicon wafers during
evaporating so that the temperature of the substrates during evaporation could be
monitored. The highest temperature of the substrates during evaporation was 310K.
The thickness of Al layer was monitored by a film thickness monitor (IL100, intelle-
metrics Inc.), which had been calibrated by an AFM beforehand. To calibrate the
film thickness monitor, scratches were made across Al evaporated layers on silicon
wafers, these were then imaged with an AFM to obtain the thickness values of the
Al layers. and calibrate the monitor with these values. Fig. 4.1 is an AFM image of
a scratch in Al layers and the cross section view of the scratch..
For all sample sets, polymer films were formed by spin coating PtBMA (syn., Mw =
275KDa, Mw/Mn = 1.30, Polymer Source Inc.) solutions in toluene with a spin
speed of 3000 RPM. Spin-cast films were then routinely checked under an optical
microscope and AFM to make sure they were dust free, flawless and uniform. Fig.4.2
shows a microscope image and two AFM images of a good spincast film. The uniform
color in the optical microscope image (which varies for films of different thicknesses)
indicates the uniform thickness throughout the film. AFM and optical microscopy
were used to make sure that the film was flat (rms roughness < 0.5nm), flawless, and
that no dewetting (the rupture of a thin film and the formation of droplets) occurs.
Thin spincast polymer films (< 40nm) were found to dewet at high temperatures
when being annealed in air. Fig. 4.3 shows an AFM image of a dewetted film, which
couldn’t be used in the experiment. A de-wetted sample can be recognized by eyes
because it looks cloudy.
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Figure 4.1: The upper figure is an AFM image of a scratch across an Al layer on a
silicon wafer. The lower figure is the cross section view of the scratch at the position
of the black line which is drawn in the upper figure.
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(a) Optical microscope image
(b) AFM height image
Figure 4.2: Images of a flawless, uniform and non-dewetted spincast PtBMA film.
The top panel shows an optical microscopic image of the film showing large-scale
(5mm×5mm) properties. The bottom panel shows an AFM image of a small-scale
(3µm× 3µm) properties.
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Figure 4.3: An AFM image of a dewetted PtBMA film.
The thickness of the spin cast polymer films was controlled by varying the concentra-
tion of the polymer solutions. The film thickness was determined by both ellipsometry
and AFM. To determine film thickness using ellipsometry, the measured P and A val-
ues (the angles of the polarizer and the analyzer referring to the incident plane when
the reflected laser is extinguished) are fitted to the theoretical curves to obtain the
film thickness. The blue line in Fig.4.4 is the theoretical curve where P is plotted
against A. It is shown that as the film thickness increases, the theoretical curve in
Fig.4.4 evolves counterclockwise and finally becomes a repeating loop. For each pair
of P and A values measured from the experiments, there are more than one points on
the theoretical loop that fit it best. The film thickness can be determined only when
we know the thickness range of the film. That’s one of the reasons why AFM is used
as a complementary technology in determining the film thickness. To determine the
film thickness with AFM, the film surfaces were scratched with a sharp knife, and
the cross section view of the AFM images of those scratches will tell a precise film
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thickness. It was shown that larger concentration produces thicker films. Table 4.1
gives thickness-concentration pairs for PtBMA spin-cast films measured by ellipsom-
etry, and the error bars are all ±1nm.
Figure 4.4: P and A loop as a result of growing PtBMA film thickness
The first set of samples are spincast PtBMA films on bare silicon wafers, and the
second set of samples are spincast PtBMA films on bare Al substrates. The Al sub-
strates were produced by evaporating a 300nm Al layer on top of silicon wafers as
described above. Both sample sets were then annealed in vacuum at 413 K (Bulk Tg
384±1K) for 10 hours to remove the solvent residue and any stresses introduced into
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the films during the spin coating procedure.
The third and fourth sample sets consist of PtBMA films sandwiched between two
Al layers and supported by silicon wafers, as illustrated in Fig. 4.5. The preparation
procedure of the third set of samples is to prepare one more the second sample set,
and then thermally evaporate 5 nm thick Al layers on the top surfaces (using the same
deposition parameters described above). The fourth set of samples was prepared in
a similar way except that the order of annealing and evaporation of the top Al layer
were reversed. These two sets of samples were prepared to determine whether chang-
ing the sample preparation procedure has any effect on the film properties. The 5nm
Al capping layer on top is expected to provide a solid boundary to remove the effect
of the free surface. It is semi-transparent which will allow a laser to penetrate inside
the polymer films so that these samples can be used in ellipsometry measurements.
As described above, during the evaporation of the Al capping layers, a thermocouple
was placed close to the samples and the temperature was monitored during evapora-
tion. It was found that the temperature of the samples did not exceed 310 K, which
is well below the bulk Tg of PtBMA (∼ 383K)) during evaporation. Therefore it’s
reasonable to believe the PtBMA films are not damaged in the evaporation. The 5nm
thick Al layers are stable as is proved by both microscopy and AFM.
The fifth set of samples, named 2(h/2) samples, are designed to remove the effect
Table 4.1: Concentrations of the PtBMA solutions in Toluene and the corresponding
spincast film thicknesses
Concentration of the PtBMA solutions (W%) 0.25 0.5 1.0 1.5 2.0 3.0 4.0
Film thickness (nm) ±1nm 6 28 44 73 103 160 207
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Figure 4.5: PtBMA spincast film sandwiched between two Al layers
of the free surface using Al capping layer with a procedure different from thermal
evaporation. Previous efforts at trying to remove the effect of the free surface by
covering the film surface with a solid layer usually use evaporated Al layers, which
may not contact the film surface well (as discussed in chapter 2). It has been shown
[6] that in the 2(h/2) samples the free surface effect can be successfully removed. The
preparation procedure of a 2(h/2) sample is illustrated in Fig. 4.6. 5nm Al capping
layers were thermally evaporated on top of NaCl windows, and the deposition con-
ditions are exactly the same as described previously. PtBMA solutions were then
spin coated onto the surfaces of these 5nm Al layers, and also onto Al coated silicon
substrates that were prepared using a procedure similar to that described at the be-
ginning of this section. Two samples of the same PtBMA film thickness supported
on salt window and silicon wafer were then put face to face together, and a drop
of deionised water (Milli-Q) was placed at the edge of the interface. The water was
found to wet the NaCl/Al interface and to cause the PtBMA films and the thin Al
layers to be detached from the NaCl window. The two PtBMA films were then pulled
into intimate contact by surface forces. At this stage two PtBMA films of thickness
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h/2 form a single uniform film of thickness h. These samples were then rinsed in
deionised water to remove any residual NaCl and annealed in vacuum at 413 K for
10 hours.
Prior to the formation of the thinnest (6 nm thick) 2(h/2) composite films, an Asylum
Research MFP 3D atomic force microscope was used to image the surface of the two
separate (3nm thick) films that were used to manufacture the samples. This was done
to ensure that films of this thickness did not dewet and break up to form droplets
during spin coating. These images revealed the surface of the 3nm thick film to be
uniform with a peak to peak roughness of less than 1 nm. This confirms that the
films formed by spin coating PtBMA on to Al substrates were stable and did not
break up prior to formation of the composite 2(h/2) samples.
4.3 Measurement of Tg in thin PtBMA films
A Linkam THMS600 Hot stage was mounted on the sample stage of the ellipsometer.
Samples were held on the top surface of the heater in the hot stage using a clip,
and were kept in good thermal contact with the heater throughout the experiment.
A type T thermocouple (copper-constantan) was glued on a small Si wafer (using
OMEGABOND 200 resin from OMEGA corporation) of similar size to these used
as sample substrates, and placed close to the sample to ensure the temperature of
the sample surface and the temperature measured by the thermocouple are similar.
Nitrogen gas was purged through the sample chamber in the hot stage, so that during
measurement the samples wouldn’t be disturbed by water or oxygen.
In the Tg measurements, each sample was heated up to 413K (30K above the bulk
Tg) and kept at this temperature for 20 minutes to erase any thermal history. The
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Figure 4.6: The procedure to prepare 2(h/2) samples. Two spincast PtBMA films of
the same thickness are supported on a salt window and a silicon wafer. Prior to the
spin coating, a 5nm Al layer was evaporated onto the salt window and a 300nm Al
layer was evaporated onto the silicon wafer. These two samples were then put face to
face together, and a drop of deionised water was used to remove the NaCl window.
The two PtBMA films were then pulled into intimate contact by surface forces. At
this stage two PtBMA films of thickness h/2 form a single uniform film of thickness
h.
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Figure 4.7: A sample and a thermocouple are mounted on the heater
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samples were then cooled down slowly at a rate of 10K/min, and during the cooling
process the angles of the two polarizers (P and A) on the ellipsometer were varied
to obtain a null signal. P and A were values obtained at null recorded every 10
seconds (every 1.67K). Some other studies measured Tg by heating polymers up from
glass state to melt state, but performing these measurements on cooling (as described
above) eliminates the effect of thermal history and ensures that the samples are ini-
tially in equilibrium.
4.4 Results and discussion
The changes in film thickness and refractive index that are measured by the ellip-
someter during the thermal contraction of thin PtBMA films are very small, so P and
A values change linearly in both melt and glass states with response to changes in
film thickness, and plotting P vs T or A vs T is just like plotting h vs T (or volume
vs T ). As illustrated in Fig. 4.8, the expansion coefficient α of a PtBMA films has
different values at glass and melt state. For each set of data the regions below 350K
and above 390K are fitted with a linear function and the Tg of a given film is defined
as the temperature where the two linear fits intersect. Fig. 4.8 shows the polarizer
angle P as a function of temperature for 6 nm and 270nm thick PtBMA films that
were sandwiched between 5nm evaporated Al capping layer and 300nm Al substrates.
Both these samples had been annealed after evaporation of the Al capping layers. Fig.
4.9 shows similar data for 6 nm and 270nm thick 2(h/2) samples. The 270nm thick
PtBMA films with evaporated Al capping layer and the 270nm thick 2(h/2) PtBMA
film, which are expected to show bulk-like behavior, and exhibit the same Tg value
(∼ 383± 1K), which is consistent with previous results [12, 13, 14, 15, 16]. The Tg of
the 6nm PtBMA films with evaporated Al capping layer is ∼ 28±1K smaller than the
bulk Tg, and this result agrees with Prucker et al.’s data [16]. This agreement is quite
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encouraging because Prucker et al.’s study used a different measurement technique
(Optical waveguide spectroscopy). The Tg of the 6nm thick 2(h/2) PtBMA film is
equal to the bulk Tg, which suggest that the free surface effect in 2(h/2) samples has
been successfully removed. These data also show the two 207nm thick samples have
similar expansion coefficients in both liquid state and glassy state, but the two 6nm
thick sample have the same expansion coefficients only in liquid state. The expan-
sion coefficients of the 6nm thick PtBMA sample with evaporated Al capping layer is
much smaller than that of the 6nm 2(h/2) PtBMA sample. These observations will
be discussed in subsection 4.4.3 in detail.
Figure 4.10 shows the combined results of thin film glass transition studies performed
on uncapped and capped PtBMA films. For all sample sets, the bulk Tg values (thick
films) obtained from all 5 data sets are 383 ± 1K within the limit of experimental
uncertainty. The uncapped films and the films evaporatively capped with 5nm Al
layers display Tg reductions as large as 28±1 K for films as thin as 6 nm, and the Tg
reductions occur in films thinner than ∼ 40-50 nm. The thickness dependence of Tg
for all sample sets with reduced Tg in thinner films (<40nm) is the same within error.
4.4.1 Thickness dependence of Tg in uncapped and evapora-
tively capped PtBMA films
The uncapped PtBMA films on both Si and Al substrates displayed essentially the
same thickness dependence of Tg (See inset, figure 4.10), which suggests that the
effects of both Si and Al substrates on the films are similar. The ∼ 25K reduction
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Figure 4.8: The polariser angle (P) as a function of temperature for 6 nm thick
(top panel) and 207 nm thick (bottom panel) PtBMA films that were annealed after
being evaporatively coated with a 5 nm thick Al capping layer. The two dashed lines
represent the fits to the melt and glass regions, and the vertical dashed lines mark the
position of the Tg
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Figure 4.9: The polariser angle (P) as a function of temperature for 6 nm thick (top
panel) and 207 nm thick (bottom panel) 2(h/2) PtBMA films. The two dashed lines
represent the fits to the melt and glass regions, and the vertical dashed lines mark the
position of the Tg
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Figure 4.10: Thickness dependence of the Tg for capped and uncapped PtBMA sam-
ples. Data are shown for uncapped films (blue △) and films capped with 5nm thick
evaporated Al layers that had been annealed before (green ¤) and after (black ¥) the
evaporation. Data are also shown for 2(h/2) PtBMA samples (red ©). Empty ⋄
shows the data for the 6 nm thick 2(h/2) film after the removal of the capping layer
with 0.1M NaOH. The inset shows the thickness dependence of Tg in uncapped PtBMA
films on Al (blue △) and Si (yellow •) substrates.
127
of Tg observed on 6nm uncapped PtBMA films is smaller than the ∼60 K shifts re-
ported by See and coworkers [15] for silicon (Si) substrate supported PtBMA films of
a similar thickness range and molecular weight. The reason for the discrepancy be-
tween our results and those of See et al.’s is not clear. One possible explanation could
be related to the different substrates used in the two experiments. In the present
work, we used Si wafers with the native oxide coating, while in the study be See and
coworkers, the coating was removed prior to deposition of the films. The differences
in the surface chemistry of the Si substrates used in the two studies could result in
different polymer/substrate interactions and may explain the measured differences in
the magnitude of the observed Tg reductions.
Both uncapped and evaporatively capped films display Tg reductions in thinner
PtBMA films, and the thickness dependence of Tg in these two sets of samples are the
same within limits of experimental uncertainty . This appears to contradict the idea
that liquid like surface layers are responsible for the Tg reductions in thinner polymer
films, because capping the films with a rigid metal layer is expected to suppress the
enhanced mobility at the free surface and result in bulk like dynamics in even the
thinnest PtBMA films. Dielectric relaxation studies [11] performed on polymer films
sandwiched between metal electrodes have also observed the thickness dependence of
Tg which was consistent with that reported for uncapped polymer films. This con-
tradiction could be explained by some observations [5, 6, 17] which suggest that Al
evaporated capping layer doesn’t actually remove the effect of free surfaces. These
studies showed that to evaporate metal layers using relatively reactive metals such
as Al on to polymers will form a sharp interface between the metal layer and the
polymer film, and using less reactive metals such as gold (Au) will produce a much
broader interface. This explanation was confirmed by the measurements of the thick-
ness dependence of the Tg on PS films with evaporated Al and Au capping layers,
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which showed that the thickness dependence of the Tg was suppressed for the Au
capped films but not for the Al capped films [5, 6]. These observations suggest that
the structure of the interface between the polymer film and the metal layer has a
significant effect upon the molecular dynamics in thin polymer films.
The data shown in Fig. 4.10 indicates that the Tg of thin PtBMA films capped
with 5nm thick evaporated Al layer is not influenced by the order of annealing and
evaporation. These results are consistent with those observed in studies of other
polymers[18, 5].
4.4.2 Thickness dependence of Tg in 2(h/2) PtBMA films
To show that removing the effect of the free surface by capping layers is possible,
we used an alternative method (the 2(h/2) sample preparation procedure) to cover
the PtBMA films with a solid layer trying to manipulate the free surface properties
of these samples. An advantage of this method of sample preparation is to ensure
that the polymer- metal interface is sharp and that there are no metal atoms in the
PtBMA films. Besides, it ensures that the top surface of the 2(h/2) samples has been
in intimate contact with the capping layer during the spin coating, and putting free
surfaces together enables interpenetration of polymer chains so that density defects
can be annealed out. This should result in bulk-like polymer properties throughout
the entire thickness of the samples [5]. The thickness dependence of the Tg for the
2(h/2) PtBMA films is shown in Fig. 4.10. The data in this figure shows that these
samples display bulk-like Tg values for films as thin as 6 nm.
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4.4.3 Thickness dependence of expansion coefficients in PtBMA
films
Comparison of the ratio of the slopes, corresponding to the melt and glassy expansion
coefficients (αmelt and αglass respectively, obtained from the data shown in figures 4.8
and 4.9) also provides further evidence that the 2(h/2) PtBMA films display bulk-like
properties. As illustrated in Fig. 4.11, the data shown for the evaporatively capped
films and those obtained for uncapped PtBMA films have a ratio of the slopes for the
207nm thick films of r = αmelt/αglass = 3.9 ± 0.4, while that for the 6 nm thick films
is r = 1.8 ± 0.6. Previous studies have interpreted the reduction of this ratio with
decreasing film thickness as being due to the presence of a liquid-like layer at the sur-
face of the glassy polymer films [19]. The larger surface-to-volume ratio in thin films
is expected to result in an increased contribution from the near surface region with
enhanced dynamics. This is manifested as an increase in the effective glassy thermal
expansion coefficient of the thin films and a corresponding reduction in the ratio, r.
The ratio of the slopes for the 2(h/2) PtBMA films obtained from Fig. 4.11 give
values of r =3.5 ± 0.4 for bulk-like films and r =2.7 ± 0.4 for the thin (6nm thick)
film. These are similar within the limits of experimental uncertainty, indicating that
the thinnest 2(h/2) films have bulk-like thermal expansion properties.
4.4.4 Removing the capping layer results in the restoration
of a thickness dependent Tg in PtBMA films
Our next experiment gives further proof that the suppression of the thickness de-
pendence of the Tg is due to the removal of the free surface, and not due to other
aspects of the procedure used to prepare the 2(h/2) samples. The Al capping layer
on the thinnest 2(h/2) sample was removed by immersing the 2(h/2) films in a 0.1M
solution of NaOH for a few seconds, and then was rinsed in deionised water. The
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Figure 4.11: Thickness dependence of the ratio between αmelt and αglass for all the
samples studied. Black • represents the data obtained from the uncapped PtBMA film
supported on silicon wafers; green △ represents the data obtained from the uncapped
PtBMA film supported on Al coated silicon wafers; white ♦ and blue ¨ represent the
data obtained from the PtBMA films sandwiched between Al coated silicon wafers and
evaporated Al capping layers, with the history of evaporating then annealing (white
♦) and annealing then evaporating (blue ¨); red ¤ represents the data obtained from
the 2(h/2) samples. The dashed line represents the bulk value of αmelt/αglass
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sample was then annealed at 413 K under vacuum (1 × 10−3 torr) for 10 hours, and
then the Tg of this sample was measured using ellipsometry. Removing the capping
layer and restoring the free surface in this way should result in the restoration of
the free surface and the subsequent recovery of the thickness-dependent Tg that is
observed in uncapped PtBMA films. The Tg value obtained is shown as the diamonds
in Fig. 4.10, and it is found to be comparable to that of an uncapped PtBMA film
of the same thickness. Hence restoring the free surface results in the recovery of the
thickness dependent Tg in ultrathin PtBMA films.
To make sure that the chemical treatment used to remove the capping layer was
not responsible for changing the properties of the thin polymer film. A 6 nm thick
uncapped PtBMA film on Al substrate was immersed in 0.1M NaOH for the same
period of time as that for the 6 nm thick 2(h/2) sample described above. This sample
was then rinsed in deionised water, annealed under the same conditions and its Tg
measured using ellipsometry. The Tg obtained from this sample (shown as the ∇ in
Fig. 4.12) is identical to that obtained from an uncapped PtBMA films of the same
thickness. Another 6 nm thick film was also treated in a similar way except that it
had been immersed in saturated NaCl solutions, and it also displayed a Tg value (◦)
similar to the untreated film of the same thickness. Hereby it’s reasonable to say that
the chemicals used to prepare 2(h/2) samples and to remove the capping layers in the
2(h/2) samples don’t change the properties of the polymer films. This indicates that
any changes in the thickness dependence of the Tg of the PtBMA films must be due
to the manipulation of the free surfaces.
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Figure 4.12: Thickness dependence of the Tg for the uncapped PtBMA films supported
by Al coated substrates (blue △). Red ∇ represents a 6 nm PtBMA film supported by
a Al coated substrate which was immersed in 0.1M NaOH, and ◦ represents a 6nm
PtBMA film supported by a Al coated substrate which was immersed in saturated NaCl
solution. The dashed line represents the bulk Tg value of the PtBMA films
133
4.4.5 The width of the glass transition in ultra-thin PtBMA
films
The width of the glass transition in thin polymer films can also be determined by
extracting the temperatures T+ and T− at which the linear fits to the melt and glassy
slopes deviate from the P vs T data respectively. Fig. 4.13 shows the thickness
dependence of T+ and T− for the PtBMA films on Al substrates. This figure shows
that in all of the PtBMA films studied the value of T+ remains constant over much
of the film thickness range studied. There is some evidence that the value of T+
starts to decrease for the thinnest films studied, however, this is difficult to determine
within the limits of experimental scatter and uncertainty. The values of T− shown for
the uncapped and evaporatively capped PtBMA films in Fig. 4.13 have a stronger
film thickness dependence than the values of T+. The reductions in T− with decreas-
ing film thickness indicate that the glass transition in these samples experiences a
broadening to lower temperatures as the film thickness is decreased. These results
are consistent with previous reports of the thickness dependence of the width of the
transition in other polymers [19]. The T− values obtained for the 2(h/2) PtBMA
films remain constant over much of the range of film thickness values studied with
some possible evidence of a slight increase in T− for the thinnest films studied. This
analysis reveals that the width of the transition in the thinnest 2(h/2) films is the
same as that in the thickest (bulk-like) polymer films studied. This provides further
evidence for the bulk-like nature of the thinnest 2(h/2) PtBMA samples.
4.5 Conclusion
The experiments described above show that uncapped PtBMA films and PtBMA
films with evaporated Al capping layers displayed Tg reductions in thinner films. The
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Figure 4.13: Thickness dependence of T+ and T− in PtBMA films. Data are shown
for uncapped PtBMA films (△) and films capped with evaporated Al layers that have
been annealed before (⋄) and after (©) capping. Data are also shown for 2(h/2) films
(©). The solid symbols mark the position of T+ and the hollow symbols mark the
position of T−.
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smallest thickness values to display bulk Tg is of ∼ 40-50 nm and the largest Tg re-
duction found is 28 ± 1 K for a 6 nm thick film. The 2(h/2) samples whose upper
polymer-Al interfaces were formed by spin-coating rather than evaporation showed
no Tg reduction and displayed bulk-like physical properties in all measured quantities
for films as thin as 6 nm. Removal of the Al capping layers in 2(h/2) samples was
shown to result in the recovery of thickness dependence of the Tg in these samples.
Samples that were prepared by placing two substrate supported films with their free
surfaces in contact showed no Tg reductions for films as thin as 6 nm. This indicates
that the 2(h/2) sample preparation procedure that was used to prepare these films
is capable of removing the effects of the free surface, resulting in bulk-like physical
properties in nanoscale polymer samples. These results suggest that great care has to
be taken when interpreting the results obtained from evaporatively capped polymer
films.
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Chapter 5
Frequency Dependence of the
Dynamics in Ultra-thin PVAc
Films
5.1 Introduction
As discussed in Chapter 2, Keddie et al’s study [1] on ultra-thin (<100nm) polystyrene
films triggered the interest of researchers and numerous efforts were put on the study
on the molecular dynamics in ultrathin polymer films. These studies have come to an
agreement that ultra-thin polymer films exhibit thickness dependence of molecular
dynamics as a result of interfacial effects (polymer-air interface or polymer-substrate
interface) or molecular confinement. However, a number of controversial reports have
been made relating to discrepancies found between the dilatometric techniques that
are often used to measure the Tg of thin film polymer samples and other probes of
the dynamics such as nanocalorimetry [2, 3] and dielectric studies [4]. One example
of this is the observation of ∼ 10 K reductions in the Tg of isotactic-PMMA for films
thinner than 40nm (when measured at cooling rates of 1 Kmin−1 using ellipsometry)
and no apparent film thickness dependence in the position of the temperature de-
pendent alpha relaxation for similar samples measured at frequencies of 1 KHz using
dielectric techniques [4]. Similarly, no Tg reductions have been observed in ultrafast
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and AC calorimetry studies of thin polymer films measured at frequencies of ∼ 10
Hz and above [2, 3]. Aside from differences in the polymer/substrate interactions
(which have largely been accounted for in these studies), a key difference between
the dilatometric studies of thin polymer films and these other techniques that is of-
ten overlooked, lies in the range of frequencies that are used to probe the material
properties of the samples. Dilatometric measurements of the Tg of thin film poly-
mer samples are usually performed at cooling rates of ∼ 0.1 − 100 Kmin−1. As will
be shown in this chapter these correspond to effective measurement frequencies of
less than 0.01 Hz. However, comparisons between dilatometric and other techniques
mentioned above are often performed at measurement frequencies greater than 1 Hz
[2, 3, 4]. The fact that complementary techniques such as these can be used to probe
dynamics in thin polymer film samples and give strikingly different results is worry-
ing. This either points to a severe lack in our understanding of the dynamic processes
that occur in these samples, or it suggests that interfacial and confinement effects in
thin film polymer samples have an intrinsic frequency dependence. This issue was
raised recently by Fakhraai et al [5], who used ellipsometry to show that the thickness
dependence of the Tg in thin polystyrene films has an intrinsic cooling rate depen-
dence. However, to resolve the issues related to the observed discrepancies between
different measurement techniques, a comparative study of the role of measurement
frequency still needs to be performed.
To determine whether the frequency of the measurement probe used is important
in determining the measured thickness dependence of the Tg/Tα, a study of the fre-
quency dependence of ultrathin film confinement effects was performed on thin films
of poly(vinyl acetate) (PVAc). PVAc was used in these experiments because it has
a low bulk Tg value (∼ 313 K), so that the dielectric spectroscopy can work in low
temperature ranges during the measurements, and the noise due to contamination
of the spectra from ambient water vapor can be suppressed at low temperatures.
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Figure 5.1: Thickness dependence of Tg measured by ellipsometry and Tα measured by
dielectric spectroscopy. The ¤ represents Tg measured by ellipsometry and △ and N
represent by dielectric spectroscopy measured at 1KHz, The plot is taken from reference
[4], and the data N is from reference [6]
Polymers with even lower Tg values were not used because they are in liquid state
at room temperature and can not form spincast films. PVAc was used also because
it has large dipole moments and hence displays a large α dielectric relaxation peak.
Direct comparisons are made between ellipsometry measurements of the thickness
dependence of the Tg and broadband dielectric spectroscopy studies of the same sam-
ples. These studies reveal that the thickness dependence of the dynamics in ultra thin
films of PVAc are frequency dependent and that comparisons between the data can
only be made when the dielectric measurements are performed at frequencies of less
than 10Hz. To our knowledge, these are the first experiments where the results of
low frequency dielectric studies have been compared directly to dilatometric measure-
ments on thin film polymer samples. These experiments help to understand the role
of measurement frequency in the observation of thin film effects in polymeric glass
forming materials, and show that the frequency of the measurement probe being used
must be taken into consideration when making comparisons between the results from
different measurement techniques.
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5.2 Sample preparation
The sample preparation procedure is shown in Fig. 5.2. Glass slides were cut into
1.3cm × 1.3cm square pieces to serve as supporting substrates. These glass squares
were then blown in N2 gas to remove dust generated during the cutting procedure.
They were cleaned with methanol in an ultrasonic bath for 20 minutes, then with
acetone for another 20 minutes. This was done to degrease the glass slides and to
remove any further contaminates.
200nm Al (Advent, U.K., 99.999%) electrodes were thermally evaporated onto these
glass squares. The evaporation rate used was 5.0nm/s and the pressure inside the
chamber was below 2 × 10−5 torr. A type T thermocouple was hung close to those
glass substrates during evaporation so that the temperature could be monitored dur-
ing the evaporation. The highest temperature measured during the evaporation was
310K. The thickness of the Al layers was measured using a film thickness monitor
(IL100, Intellemetrics Inc.), which had been calibrated using an AFM beforehand (as
described in chapter 4). A metal mask was used during the evaporation to make
three 0.75mm wide stripe-like Al electrodes. A 10 mm diameter circle of Al was also
evaporated on to the glass slides at a different position on the sample.
Thin films of poly(vinyl acetate) (PVAc, Mw = 184.1K, Mw/Mn = 2.99, Scientific
Polymer Product Inc., U.S.) were spin coated from toluene on to these Al coated glass
squares. The film thickness was controlled by varying the concentration of the poly-
mer in solution. PVAc films with thicknesses in the range 9− 486 nm were prepared
in this way. The samples were then annealed at 333 K (bulk Tg(PV Ac) ∼ 312± 2 K,
as determined using ellipsometry) under vacuum for 5 hours.
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The samples were then removed from the oven and three further stripe-like Al elec-
trodes were thermally evaporated on top of the PVAc films using the same evaporation
condition given above. These top electrodes were perpendicular to the bottom ones,
and the thickness of the top electrodes was also 200 nm. This resulted in the for-
mation of nine individually addressable capacitors that could be used in broadband
dielectric studies. A second 5 nm thick, 10 mm diameter Al circle was also evaporated
on top of the PVAc films above the circle that was evaporated on the substrate. This
capping layer is semitransparent and make ellipsometry measurements possible. The
conditions used during the evaporation were the same as those described above. The
final geometric configuration of the samples is illustrated in Fig. 5.2.
Thicknesses of the PVAc films was pre-determined both by ellipsometry and AFM,
as discussed in chapter 4, and the results are shown in Table 5.1.
Table 5.1: Concentrations of the PVAc solutions in toluene and the corresponding
spincast film thicknesses
Concentration of the 0.5 1.0 2.0 3.0 4.0 8.0
PVAc solutions (W%)
Film thickness 20 35 77 117 177 486
(nm) (±1 nm)
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Figure 5.2: The preparation procedure of a PVAC sample for both ellipsometry and
dielectric measurements. Three 0.75mm wide 200nm thick stripe-like Al electrodes
and a 10 mm diameter circle of Al (200nm thick) were evaporated onto the glass
substrates. PVAC films were spin coated from toluene on to these Al coated glass
squares. Three 0.75mm wide 200nm thick stripe-like Al electrodes and a 10 mm
diameter circle of Al (5nm thick) were evaporated onto the spin cast films. The top
electrodes were perpendicular to the bottom ones, and this resulted in the formation
of nine individually addressable capacitors that could be used in broadband dielectric
studies. The top Al circle was evaporated above the bottom one and the circular area
is for ellipsometry measurements. The lower plot shows the cross section view of a
sample.
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Figure 5.3: The cross section view of a sample for both ellipsometry and dielectric
measurements.
5.3 Measurement of dielectric relaxation in ultra-
thin PVAc films
After sample preparation, the PVAc film samples were transferred immediately to
the sample chamber of a TA Instruments DEA 2970 dielectric analyser, where they
were purged using dry nitrogen gas. These samples were then heated up from 300K
at a constant heating rate of 0.5K/min, and during the heating process a sinusoidal
voltage was applied and the current through the system was monitored. The heating
rate is slow enough that for all the frequencies studied, there is enough time for more
than one measurement cycles to be recorded and analyzed per 1K increase in tem-
perature. The use of such a slow cooling rate ensures that the measurements are not
convoluting with a changing sample temperature profile. After each measurement,
the sample chamber was cooled down to 300K at a rate of 1K/min under the control
of water circulation, and then the sample was heated and measured again at a new
frequency. For all the films studied, dielectric measurements of the temperature de-
pendent alpha relaxation were performed at frequencies of 0.01 Hz, 1 Hz, 10 Hz and
100 Hz over a range of temperatures between 300 K and 340 K (see Fig. 5.5).
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After dielectric measurement the samples were taken out and transferred immedi-
ately to a Linkam Hotstage mounted on a home-built self nulling ellipsometer, where
the samples were purged with dry nitrogen gas. The samples were then heated to a
temperature of 348 K which is above the bulk Tg of the material, and were kept at
this temperature for 10 mins to establish equilibrium. The samples were then cooled
to 272K at rates of 9Kmin−1 and 90Kmin−1 and the angles P and A were recorded
to monitor changes in the thickness of the samples.
Each ellipsometry measurement was repeated twice and the results were proved to
be reproducible. Each dielectric spectroscopy measurement was also repeated once
and the data also show high reproducibility. This is illustrated in Fig. 5.4. The
measurements therefore don’t result in large error bars for the measured Tg and Tα.
Their error bars mainly come from the fitting procedures.
5.4 Results and discussion
Fig. 5.5 shows the temperature dependence of the dielectric loss factor ǫ′′ in ultrathin
PVAc films. Data are shown for the value of the dielectric loss factor (ǫ′′) normalized
by its peak value (ǫ′′max) for measurement frequencies of 0.01Hz (•), 1Hz (△), 10Hz
(¤) and 100Hz (◦). The data shown are for a 9nm (top panel) and 117nm thick
sample (bottom panel) respectively. The vertical dashed lines mark the positions of
the temperature dependent alpha relaxation, Tα.
Fig. 5.6 shows typical plots of the variation in the Polarizer angle, P , as a function
of temperature. The Tg of the polymer was defined as the temperature at which the
fits to the two linear regions (corresponding to the melt and glassy slopes) intersect,
as described in chapter 4.
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Figure 5.4: The reproducibility of the raw data. The upper plot shows the two sets of
dielectric spectroscopy data (symbolized by black ◦ and red ∇) measured on the 20nm
PVAc film sample at the frequency of 9Hz. The lower plot shows the three sets of
ellipsometry data (symbolized by black ¤ blue ◦ and red △) measured on the 117nm
PVAc film sample at the cooling rate of 9K/min.
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Figure 5.5: Temperature dependence of the dielectric loss in ultrathin PVAc films.
Data are shown for the value of the dielectric loss factor (ǫ′′) normalized by its peak
value (ǫ′′max), for measurement frequencies of 0.01Hz (•), 1Hz (△), 10Hz (¤) and
100Hz (◦). The data shown are for a 9nm (top panel) and 117nm thick sample
(bottom panel) respectively. The vertical dashed lines mark the positions of the tem-
perature dependent alpha relaxation, Tα.
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In the ellipsometry measurements each sample was measured at two different cooling
rates, 90K/min and 9K/min. Fig. 5.7 shows the data obtained from a 117nm sample
for the two cooling rates.
The thickness dependencies of Tg and Tα are shown in Fig. 5.8 for all the cooling rates
and frequencies studied. As shown in the bottom panel of Fig. 5.8, the dilatometric
Tg of the polymer is reduced for films thinner than ∼ 80 nm. This occurs for the
cooling rate of 9Kmin−1, not for the cooling rate of 90Kmin−1. The inset in this plot
shows the variation of the measured Tg of the bulk polymer as a function of cooling
rate.
Comparison of the Tg shifts shown in the bottom panel of Fig. 5.8 with the Tα shifts
shown in the top panel of the same figure reveal that the thickness dependence of the
position of the alpha peak is consistent with the Tg shifts for frequencies less than
∼ 10Hz and cooling rates of 9Kmin−1. However for frequencies of 10Hz and above
the thickness dependence of the position of the alpha relaxation is suppressed over
the range of film thickness values studied.
These results clearly show that consideration must be given to the measurement fre-
quency used to probe the dynamic properties of ultra thin polymer samples. Previous
studies have reported discrepancies between measurements that have been performed
using different techniques that operate over different frequency ranges. This has re-
sulted in a significant amount of recent controversy about the nature of the dynamics
of polymeric materials in thin films. However, the simple experiments presented in
the present study highlight the need to consider the role of the measurement/probe
frequency and they indicate that great care must be taken to compare only low fre-
quency (< 10Hz) measurements of the dynamics with the Tg measurements that have
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Figure 5.6: Ellipsometry measurements of the Tg of thin PVAc films. Data are shown
for the variation in the analyzer angle (A), as a function of temperature for 20 nm
thick (top panel) and 117 nm thick (bottom panel) PVAc films. Both data sets were
obtained using a cooling rate of 90Kmin−1. The dashed lines represent fits to the
melt and glassy slopes of the curves respectively and the vertical dashed lines mark
the position of the Tg for each film.
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Figure 5.7: The data of Ellipsometry measurement obtained from a 117nm PVAc film
for cooling rates of 90K/min (•) and 9K/min (2). Data are shown for the variation
in the polarizer angle (P), as a function of temperature. The vertical lines mark the
position of the Tg for each cooling rate.
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Figure 5.8: Film thickness dependence of the shifts in Tg and Tα for PVAc. The top
panel shows the thickness dependence of Tα determined at measurement frequencies
of 0.01Hz (¤), 1Hz (N), 10Hz (•) and 100Hz (△). The bottom panel shows the
variation in Tg with film thickness for cooling rates of 9Kmin
−1 (•) and 90Kmin−1
(¤). The insets show the variation of the bulk values of Tα and Tg with frequency and
cooling rate respectively.
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been widely reported for thin polymer films samples. Only then can the thickness
dependencies of Tα and Tg be compared directly.
Assuming that the thickness dependence of Tα can be correlated with the correspond-
ing thickness dependence of the Tg in these samples, a comparison of the frequency
and cooling rate dependencies for the bulk polymer should enable us to determine an
equivalence between the cooling rates and measurement frequencies used in the two
techniques. A consideration of the insets shown in Fig. 5.8 indicates that a cooling
rate of 90Kmin−1 gives a Tg value that is approximately the same (but slightly lower)
than the Tα value obtained for bulk PVAc at a measurement frequency of ∼ 0.01Hz.
This result is similar to that used by Fakhraai and coworkers in thin film studies of
cooling rate effects in polystyrene [5].
A comparison of the thickness dependence of Tα and Tg at this frequency and cooling
rate reveals that the observed shifts are the same within the limits of experimental
uncertainty. This gives us some confidence in our interpretation of the results and
the equivalence of the frequency and cooling rates used. However, it is worth noting
that this simple method of analyzing the results does not take into account differences
in the shapes of the distributions of molecular relaxation times that can be inferred
from the dielectric spectra. Changes in the symmetry of the peaks shown in Fig. 5.5
would also indicate a change in the distribution of molecular relaxation times in the
material. Such a change in this distribution would be expected to affect the global
dynamics in the films and would influence the comparisons being made between Tg
and Tα. It is worth noting however that the high level of symmetry in the dielectric
peaks shown in Fig. 5.5 is retained as the film thickness and measurement frequency
are changed. This would seem to indicate that the simple analysis performed above
is valid for this particular polymer. We note that a previous study by Serghei and
coworkers has reported changes in the peak shapes of BDS spectra for PVAc [7], but
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no apparent changes were observed in the present study. The reason for these differ-
ences isn’t clear.
One possible interpretation of the observed frequency dependence of thin film dy-
namics in PVAc could be related to the existence of cooperative dynamics in glass
forming materials. As discussed by Fakhraai et al. [5] and others [4, 8, 9], there
is expected to be a characteristic length scale (ξ) associated with the cooperative
motions of segments in the bulk polymer, as is shown in Fig. 5.9. At higher tem-
peratures and measurement frequencies, the number of polymer segments that are
required for the material to relax would be expected to decrease [4, 8, 9, 10]. This
would result in a corresponding reduction in ξ. The onset of film thickness effects in
these materials are expected to occur when the film thickness starts to approach the
characteristic length scale associated with these cooperative relaxation mechanisms.
Therefore as the measurement frequency is increased we might expect that the onset
of film thickness dependent dynamics and confinement effects would be shifted to
lower film thickness values.
In principle, a study that determines the onset film thickness at which the effects of
free surfaces or molecular confinement occurs for different frequencies may provide
further insights into how the size of these regions of heterogenous dynamics scale with
temperature and probe frequency. However, these experiments are currently beyond
the scope of the present work.
5.5 Conclusion
In summary, we have shown that great care must be taken when comparing the results
of different techniques that are being used to probe dynamics in thin polymer films.
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Figure 5.9: Characteristic length scale (ξ) associated with the cooperative motions
of segments in the bulk polymer. ξ is expected to be a function of temperature and
measurement frequency.
Combined ellipsometry and broadband dielectric studies have been used to show that
thin film effects in glass forming polymers such as poly(vinyl acetate) have an in-
trinsic frequency dependence. These experiments address the existing controversial
reports about the apparent discrepancies between what should be highly comple-
mentary methods of measuring the dynamics in thin film polymer samples. They
highlight the necessity to ensure that the appropriate range of measurement/probe
frequencies are used when comparing different methods of probing the dynamics in
thin film polymer samples.
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Chapter 6
Studies of the Dynamics in
Ultra-thin Polyvinylacetate
(PVAc) Films by Dielectric
Spectroscopy
6.1 Introduction
Dielectric spectroscopy is widely used to probe the molecular dynamics in polymer
samples. Dielectric spectroscopy can be described in the frequency domain (i.e. de-
scribed by ε′(ω), ε′′(ω), or tan δ(ω), where ε′, ε′′, tan δ and ω in turn represent di-
electric permittivity, dielectric loss, ε
′′
ε′
and angular frequency ) or described in the
temperature domain (i.e. described by ε′(T ), ε′′(T ), or tan δ(T ), where T represents
temperature), and both are used in these studies. The relaxation processes (α relax-
ation and secondary relaxations) can be characterized by the presence of resonance
peaks in ε′′(ω) or ε′′(T ). The shape parameters of the resonance peaks in ε′′(ω) or
ε′′(T ) provide useful information about the molecular dynamics in polymer samples.
For example, the widening of the α relaxation peaks in ε′′(ω) obtained from a poly-
mer sample may suggest the widening of the distribution of the molecular relaxation
times. However, although many efforts have been put into the study of the shape
parameters of the relaxation peaks in ε′′(ω), only a few reports [1] are related to the
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study of the shape parameters of the relaxation peaks in ε′′(T ).
As to the dielectric spectroscopy of ε′′(T ) obtained from polymer samples, the α
relaxation peaks of many polymers are close to symmetric [2, 3, 4, 5]. In contrast it
is widely accepted that in the ε′′(ω) obtained from some of these samples the α relax-
ation peaks are not symmetric (The high frequency ends of these peaks are usually
wider). The symmetry is more striking when the large discrepancy among the con-
stituents of those polymers is taken into consideration. In the present work we relate
the shape parameters of the α relaxation peaks in ε′′(ω) to the observed symmetry
of the α relaxation peaks in ε′′(T ). We show that this effort can lead to fruitful results.
In the present work we also investigated the measurement frequency effect on the the
thickness dependence of the shape parameters using ultra-thin (9nm-486nm) PVAc
films.
6.2 Experiment
Glass slides were cut into 1.3cm × 1.3cm square pieces to serve as supporting sub-
strates. These glass squares were then blown in N2 gas to remove dusts generated
during the cutting procedure. They were cleaned with methanol in an ultrasonic bath
for 20 minutes, then with acetone for another 20 minutes. This was done to degrease
the glass slides and to remove any further contaminant.
200nm Al (Advent, U.K., 99.999%) electrodes were thermally evaporated onto these
glass squares. The evaporation rate was 5.0nm/s and the air pressure was below
2× 10−5 torr. A type T thermocouple was hung close to those glass substrates dur-
ing evaporating so that the temperature could be monitored during the evaporation.
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The highest temperature measured during the evaporation was proved to be below
310K. The thickness of Al layer was monitored by a film thickness monitor (IL100,
Intellemetrics Inc.), which had been calibrated by an AFM beforehand, as described
in chapter 4. A metal mask was used in the evaporation to make three stripe-like Al
electrodes.
Thin films of poly(vinyl acetate) (PVAc, Mw = 184.1K, Mw/Mn = 2.99, Scientific
Polymer Product inc., U.S.) were spin coated from toluene on to these Al coated glass
squares. The film thickness was controlled by varying the concentration of the poly-
mer in solution. PVAc films with thicknesses in the range 9− 486 nm were prepared
in this way. The samples were then annealed at 333 K (Tg(PV Ac) ∼ 312 ± 2 K, as
determined using ellipsometry) under vacuum for 5 hours.
The samples were then removed from the oven and three further stripe-like Al elec-
trodes were thermally evaporated on top of the PVAc films using the same evaporation
condition given above. These top electrodes were perpendicular to the bottom ones,
and the thickness of the top electrodes was also 200 nm. This resulted in the for-
mation of nine individually addressable capacitors that could be used in broadband
dielectric studies.
The thickness of the PVAc films was pre-determined both by ellipsometry and AFM,
as discussed in chapter 4, and the result is shown in Table 6.1.
After sample preparation, the PVAc film samples were then transferred immediately
to the sample chamber of a TA Instruments DEA 2970 dielectric analyser, where they
were purged using dry nitrogen gas. The measurement procedures are the same as
those in Chapter 5, except that a broader (10−2Hz− 105Hz) measurement frequency
range was used.
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6.3 Results and discussion
Fig. 6.1 shows the normalized dielectric spectroscopy measured from the 35nm thick
PVAc film. We tried several functions to fit these data to and found that the best
fitting function for these data is
ε′′ = ε′′
∞
+
ε′′max
1 + (T−Tc
w
)2
(6.3.1)
where ε′′max represents the maximum/peak value of ε
′′ and Tc represents the temper-
ature where ε′′ = ε′′max. ε
′′
∞
represents the value of ε′′ when T = ∞. w is a parameter
which characterize the width of the α relaxation peaks. Since Eqn. 6.3.1 describes
a symmetric relaxation peak, the good fitting of the data to Eqn. 6.3.1 suggests the
measured resonance peaks in Fig. 6.1 are symmetric. The data measured at 0.01Hz
is the overlap of the contribution from a relaxation peak and a background which
increases with increasing temperature. The background is due to the low frequency
conductivity [6] and it can be fitted to a simple exponential function. The background
was then removed from the dielectric spectroscopy before this set of data was fitted
to Eqn. 6.3.1.
Table 6.1: Concentrations of the PVAc solutions in Toluene and the corresponding
spincast film thicknesses
Concentration of the 0.5 1.0 2.0 3.0 4.0 8.0
PVAc solutions (W%)
Film thickness 20 35 77 117 177 486
(nm) (±1 nm)
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Figure 6.1: Normalized dielectric spectroscopy in the temperature domain measured
from a 35nm spin-cast PVAc film. The measurement frequencies are 100KHz (•),
10KHz (◦), 1KHz (¥), 100Hz (¤), 10Hz (N), 1Hz (△), 0.1Hz (H) and 0.01Hz (▽).
The solid lines are the fitting results of the data to empirical functions. The data
measured at 0.01Hz is the overlap of the contribution from a relaxation peak and a
background which increases with increasing temperature. The background is due to
the low frequency conductivity [6]. It was fitted to a simple exponential function and
then removed from the data before fitting the data to Eqn. 6.3.1. Other data were
fitted directly to Eqn. 6.3.1.
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Figure 6.2: Measurement frequencies as a function of 1000/Tc measured from 486nm
(•), 177nm (¥), 117nm (N), 35nm (H) and 9nm (¨) thick PVAc films. The black
line represents the fitting of the data from the 35nm thick sample to the VFT function.
For a better view, The inset zooms in the data points in the low frequency region.
The relationship between the α relaxation rate and the sample temperature is usually
determined by keeping polymer samples at constant temperature and measuring the
dielectric spectroscopy in the frequency domain. In this experiment this relationship
is determined by keeping the measurement frequency at a constant value and measur-
ing the dielectric spectroscopy in the temperature domain. The temperatures where
ǫ is at maximum (represented by Tc) are plotted against the measurement angular
frequency, as shown in Fig. 6.2. In the high frequency region, the data from PVAc
films of different thickness values are indistinguishable, which suggests that at high
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measurement frequencies (>∼ 10Hz) the polymer molecular dynamics doesn’t exhibit
a thickness dependence. In the low frequency region Tc is significantly dependent on
film thickness and the thinner films have smaller Tc values, which suggests that thin-
ner films have faster molecular dynamics. The inset shows Tc vs film thickness h when
the samples being measured at 0.01 Hz. The frequency effect on thickness dependence
of molecular dynamics have been extensively discussed in Chapter 5.
The data in Fig. 6.2 can be fitted to the Vogel-Fulcher-Tammann (VFT) function
[7, 8, 9]:
τ = τ0 exp
B
T − T0 (6.3.2)
where τ equals 1/ω. τ0 is the characteristic time of α relaxation at a very high tem-
perature, and is usually set to be 10−13s. B is a constant. T0 is a temperature below
Tg, and at T0 the α relaxation time is expected to become infinite. The fitting result
for the 35nm thick sample is B = 1568± 20K and T0 = 265± 1K.
After the relationship between ω (or 1/τ) and the sample temperature is determined,
the data shown in Fig. 6.2 can be plotted against ln τ instead of against T , as shown
in Fig. 6.3. After this transformation the α relaxation peaks all become asymmetric.
The right halves of the peaks are significantly wider than the left halves. The asym-
metry is better illustrated in Fig. 6.4. The data used in Fig. 6.4 is the set of data
used in Fig. 6.3 which is measured at 1Hz. The dashed line represents a symmetric
relaxation peak. Its left half reproduces the experimental data but its right half is
narrower than the experimental data. This plot shows the significant distortion of
the α relaxation peaks when they are plotted against ln τ . We also noticed a common
observation that the α relaxation peaks plotted in ǫ′′(T ) are nearly symmetric for
many polymers but when they are plotted against the measurement frequencies they
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Figure 6.3: Normalized dielectric spectroscopy (ǫ′′(ln τ)) obtained from a 35nm spin-
cast PVAc film. The measurement frequencies are 100KHz (•), 10KHz (◦), 1KHz
(¥), 100Hz (¤), 10Hz (N), 1Hz (△), 0.1Hz (H) and 0.01Hz (▽).
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become asymmetric [2, 3, 4, 5]. To help to understand this, we firstly make a few
definitions, which are illustrated in Fig. 6.4.
Figure 6.4: Normalized dielectric spectroscopy obtained from a 35nm spin-cast PVAc
film at a measurement frequency of 1Hz (△). The dashed line represents a symmetric
relaxation peak. Its left half reproduces the experimental data and its right half is
narrower than the experimental data. This plot also illustrates some definitions used
in the present work. ǫ′′max is the maximum value of ǫ
′′. τc represents the relaxation
time where ǫ′′ = ǫ′′max. τ+ and τ− represent the relaxation time where ǫ
′′ = ǫ′′max/2.
(τ− > τ+). ln τ−−lnτc = pD and lnτc−lnτ+ = D, therefore the factor p quantitatively
describes the distortion of the α relaxation peaks.
τc represents the relaxation time where ǫ
′′ = ǫ′′max. It equals to 1/ωc where ωc is the
measurement frequency. τ+ and τ− represent the relaxation time where ǫ
′′ = ǫ′′max/2
(τ+ < τ−). Two shape parameters p and D which describe the α relaxation peaks in
ǫ′′(ln τ) are defined by
ln τ− − lnτc = pD and ln τc − lnτ+ = D. (6.3.3)
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The factor p quantitatively describes the distortion of the α relaxation peaks. If and
only if p = 1 the α relaxation peak in ǫ′′(ln τ) is symmetric. For all the data sets in
Fig. 6.3, these two parameters were found to be the same within error (D = 2.0±0.2
and p = 1.38± 0.03.).
We further define Tc to be the temperature where ǫ
′′ = ǫ′′max, and define T+, T−
to be the temperatures where τ = τ+ and τ = τ−. The values of T+− Tc and Tc− T−
can be obtained by replacing T+, T− and Tc with τ+, τ− and τc, which leads to
T+ − Tc = B ×D
ln(ωcτ0)(ln(ωcτ0) +D)
(6.3.4)
Tc − T− = B × pD
ln(ωcτ0)(ln(ωcτ0)− pD) (6.3.5)
Combining Eqn. 6.3.4 and Eqn. 6.3.5 we get
T+ − Tc
Tc − T− =
1
p
ln(ωcτ0)−D
ln(ωcτ0) +D
= C (6.3.6)
where B is the parameter in a VFT equation, and C describes how close the α re-
laxation peaks in ǫ′′(T ) are to strict symmetry. The α relaxation peaks are strictly
symmetric if and only if C = 1. The value of C is calculated using Eqn. 6.3.6 (sup-
pose D = 2.0 and p = 1.38.), and is plotted against the measurement frequency f in
Fig. 6.5. It is found that the C values for all measurement frequencies are less than
(but close to) 1, which suggests that the α relaxation peaks in ǫ′′(T ) obtained in this
experiment are not strictly (but close to) symmetric. According to the solid line in
Fig. 6.5, the α relaxation peaks measured at higher frequencies are closer to strict
symmetry than those measured at lower frequencies, and at a certain measurement
frequency (4.9× 106Hz) the α relaxation peaks are strictly symmetric. The solid line
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also suggests at even higher measurement frequencies the α relaxation peaks become
asymmetric again. However, these predictions assume that D and p don’t rely on
measurement frequencies. Although D and p are quite constant in this experiment,
the assumption may not be true in a wider measurement frequency range.
Figure 6.5: The value of C is calculated using Eqn. 6.3.6 (suppose D = 2.0 and
p = 1.38.), and is plotted against the measurement frequency f
Another notable observation is the widening of the α relaxation peaks in Fig. 6.1
with increasing measurement frequency. To help to understand this, we add Eqn.
6.3.4 and Eqn. 6.3.5 together and get
B ×D(p+ 1)
T+ − T− = ln
2(ωcτ0) +D(1− p) ln(ωcτ0)− pD2 (6.3.7)
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Figure 6.6: The relationship between the width the α relaxation peaks and the mea-
surement frequency. Data are shown for PVAc films of 486nm (black •), 177nm (red
¥), 117nm (green ¥), 35nm (blue N) and 9nm (pink H) thickness. The solid line is
a theoretical prediction which supposes D = 2.0 and p = 1.38.
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This equation suggests that if D and p are constants for all measurement frequencies,
the width of the α relaxation peaks increases with increasing measurement frequency.
This explanation is confirmed by Fig. 6.3 where B/(T+ − T−) is plotted against
ln(ωcτ0). The solid line represents the theoretical prediction made by Eqn. 6.3.7
which supposes D = 2.0± 0.2 and p = 1.38± 0.03, and the data measured from the
35nm thick sample reproduce the theoretical prediction.
Fig. 6.3 further shows that while in the higher frequency region (> 1Hz), the data
measured from films of different thicknesses reproduce each other, in the lower fre-
quency region (< 1Hz) the data obtained from thinner films have wider α relaxation
peaks than those obtained from thicker ones. This observation is consistent with
Fukao et al’s results [10]. The thickness dependence of the the width of the α re-
laxation peaks can also be explained by the existence of the liquid like surface layer.
The enhanced molecular mobility in the liquid like surface layer is supposed to bring
in a wider distribution of relaxation times. While in thick films the effect of the
liquid like surface layer is too small and can be neglected, in ultra-thin (< 100nm)
films the effect of liquid like surface layer becomes significant. Thin films therefore
have broader distribution of relaxation times and wider α relaxation peaks. The α
relaxation peaks obtained from the thin films with broader distribution of relaxation
times are supposed to broaden to low temperatures due to the faster dynamics in these
films. However, the data measured at low frequencies has pronounced background
of low frequency conductivity, which makes it not possible to determine this. The
reason why in the higher frequency region (> 1Hz) there doesn’t exist the thickness
dependence of the widthes of the α relaxation peaks can be explained with the discus-
sion given in Chapter 5, where we showed that only probes with slow measurement
time scales (<1Hz) are able to detect the thickness dependence of the cooperative
molecular dynamics. That’s why only in the lower frequency range (<1Hz) could the
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thickness dependence of the width of the α relaxation peaks be observed.
6.4 Conclusion
Dielectric spectroscopy in the temperature domain ǫ′′(T ) was measured on thin (<486nm)
PVAc films. The data were plotted against ln τ and the parameters describing the
widening and distortion of the α relaxation peaks are constant for all measurement
frequencies. The observed symmetry of the α relaxation peaks in ǫ′′(T ) were related
to the constant shape parameters of the asymmetric α relaxation peaks in ǫ′′(ln τ). An
explanation is given for the observed widening of the α relaxation peaks with increas-
ing measurement frequency in ǫ′′(T ). At a lower measurement frequency (<1Hz), the
data obtained from thinner PVAc films showed wider α relaxation peaks (in ǫ′′(T ))
than the data obtained from thicker films, and at a higher frequency (>1Hz) this
thickness dependence doesn’t exist . This was explained using the existence of the
liquid-like surface layer with enhanced molecular mobility, and using the measure-
ment frequency effects.
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Chapter 7
Investigation of physical aging
process in thin polystyrene films
Extensive studies have been performed to investigate the physical aging process in
bulk polymer samples, but only a small number of experiments were dedicated to the
study of the physical aging process in thin polymer films. As was discussed in previ-
ous chapters, the observed deviation in other physical processes in ultra-thin polymer
films (usually <100nm) reminds us of the possibility that physical aging processes in
ultra-thin polymer films may be also different from those in bulk polymer samples.
This is proved by the observations [1, 2, 3, 4, 5, 6] that several kinds of ultra-thin
polymer films exhibited accelerated physical aging processes. Reports also exist [7]
about the slower physical aging rates near the film surface and the faster physical
aging rates in the central part of a film. More complex physical aging processes in
ultra-thin polymer films were reported by Ellison et al. [8], as has been discussed in
chapter 2.
However, compared to the number of the studies of the glass transition in ultra-
thin polymer films, much less effort has been put into the study of the physical aging
process in these samples, and there remain many questions that need to be answered.
For example, why do the free-surface and substrate effects penetrate inside the central
171
172
part of the films to such a long distance (usually >100nm) [1, 2, 9]. As a comparison,
in the studies of glass transition in ultra-thin polymer films, the free surface effect
can be neglected in films thicker than ∼100nm. And, how do the free surface and
substrate affect the physical aging processes in ultra-thin polymers? Ellison et al. and
Priestley et al. suggested that the origin of the deviation is the enhanced mobility of
the molecule segments near the free surface of the films. But Huang et al. [9, 1, 2]
suggested that in thin polymer films, it’s easier for the free volume to dissipate from
the central part to the surface during physical aging, and that’s the origin of the
accelerated physical aging rate observed in ultra-thin polymer films. However, ‘there
is no direct confirmation of this hypothesis’ [2]. To answer these questions, detailed
and systematic studies need to be performed to investigate physical aging process in
ultra-thin polymer films.
In the present work isothermal physical aging process in thin polystyrene (PS) films
were studied with ellipsometry. The effect of aging temperature and films thickness
on the aging process are reported. We also propose an explanation for these obser-
vations.
7.1 Sample preparation
Polystyrene (PS) films were formed by spin coating PS (syn., Mw = 600KDa, Mw/Mn =
1.07, Polymer Source Inc.) solutions in toluene with a spin speed of 3000 RPM onto
1.2cm × 1.2cm single crystal silicon wafers. The film thickness was controlled by
varying the concentration of the solutions, and the thickness values of the spin-cast
PS films were measured using ellipsometry and AFM (the measurement procedure is
described in Chapter 4). Fig. 7.1 and Table 7.1 show thickness-concentration pairs
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for PS spin-cast films. After spin-coating all samples were annealed at 393K in vac-
uum for 10 hours to remove solvent residue and any stress/strain introduced into the
films during the spin coating procedure.
Figure 7.1: The thickness of spin-cast PS films vs the concentration of the solutions.
In this experiment, the spin speed is 3000 RPM and the solvent is toluene.
Table 7.1: PS film thicknesses determined by concentration of the solution
Concentration of the 0.25 0.5 1.0 1.5 2.0 3.0 4.0
PS solutions (W%)
Film thickness 9 17 41 72 102 209 327
(nm) (±1nm)
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7.2 Measurement of physical aging rates in thin
PS films
After being annealed the samples were transferred immediately to the sample stage on
the ellipsometer, where the samples were purged with N2 so that during measurement
the samples wouldn’t be influenced by water or oxygen. A type T thermocouple was
glued on a small Si wafer (using OMEGABOND 200 resin from OMEGA corpora-
tion) of similar size to these used as sample substrates, and placed close to the sample
to ensure the temperature of the sample surface and the temperature measured by
the thermocouple are similar. Nitrogen gas was purged through the sample chamber
in the hot stage, so that during measurement the samples wouldn’t be disturbed by
water or oxygen.
Then the Tg’s of the PS samples were measured using the ellipsometer. Each sample
was heated up to 400K (the Tg of a bulk PS sample is 369K±1K) and kept at this
temperature for 20 minutes to erase any thermal history. The samples were then
cooled down slowly at a rate of 10K/min, and during the cooling process the an-
gles of the two polarizers (P and A) on the ellipsometer were varied to obtain a null
signal. P and A were values obtained at null recorded every 10 seconds (every 1.67K).
To measure the physical aging process of these samples, each sample was then heated
up to 383K (14K larger than the bulk Tg) and kept at that temperature for 10mins.
The samples were expected to be in equilibrium at this stage. They were then cooled
down at 30K/min down to the aging temperatures while the angles of the two polar-
izers on the ellipsometer were varied to obtain null signals. This system was capable
of measuring 1 P and A data point in less than 1 second. A type T thermocouple
(copper-constantan) was glued on a small Si wafer (using OMEGABOND 200 resin
from OMEGA corporation), and placed close to the sample to ensure the temperature
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of the sample surface and the temperature measured by the thermocouple are equal.
Since in these experiments the variation of the film thickness and the refractive index
is very small, the changing of both P and A is proportional to the changing of the
film thicknesses and the refractive index. The evolution of P and A was therefore
used directly to characterize the physical aging process of the thin film samples, and
the calculation of film thickness and the refractive index were not necessary.
7.3 Results and discussion
Figure 7.2: Thickness dependence of the Tg for PS film samples. Data are shown for
uncapped films. The dashed line represents the bulk Tg value for PS samples
The thickness dependence of Tg for PS film samples is shown in Fig. 7.2. The Tg
values of the uncapped PS films thicker than ∼ 40nm are 370K±1K. The Tg values
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of the uncapped PS films thinner than ∼ 40nm are smaller than the bulk Tg, and the
maximum depression of Tg (10 ± 1K) is found on the thinnest film (the 9nm thick
one). These observations agree well with previous studies [10, 11, 12, 13, 14] where
the thickness dependence of thin PS films were measured.
Fig. 7.3 shows the the variation of ∆P/∆P∞ (∆P∞ represents the total change
of P after an infinite time) as a function of time obtained from 17nm and 323nm
uncapped PS samples on silicon wafers. The data are are measured at aging temper-
atures of 368K, 363K, 357K and 353K. The dashed line represents where the data
saturate. The changing of ∆P/∆P∞ is fast at the beginning and slows down fast as
time goes on, which is consistent with the self retarding relaxation process described
by Struik et. al. [15] (see chapter 1). The saturation of ∆P/∆P∞ measured at high
aging temperatures occurs much earlier, which indicates that the aging rates at high
temperatures are much faster. For the 17nm sample, at aging temperatures of 368K
and 363K, there is no slow relaxation and the data is a fast jump instead. This can
be explained by low Tg (360±1K) of this sample. At the same aging temperature, the
aging rate of the 323nm sample is much slower than that of the 17nm sample, which
suggests the dependence of the aging rate on film thickness. This is better demon-
strated in Fig. 7.4. Fig. 7.4 shows the variation of ∆P/∆P∞ as a function of time
obtained from the uncapped PS films on silicon wafers. The dashed line represents
where the data saturate. The aging temperatures for all the data in this plot are the
same (363K), and the thick films exhibited much longer physical aging processes than
the thin films.
To determine the aging rates, ln(1 − ∆P/∆P∞) vs time was plotted against time,
as is illustrated in Fig. 7.5. Although physical aging isn’t an exponential relaxation
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Figure 7.3: the variation of ∆P/∆P∞ as a function of time measured at aging tem-
peratures of 368K (©), 357K (N) and 353K (H). The data are obtained from the
uncapped 17nm (upper plot) and 323nm (lower plot) PS films on silicon wafers. The
dashed line shows the saturated value of ∆P/∆P∞.
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Figure 7.4: The variation of ∆P/∆P∞ as a function of time obtained from the un-
capped PS films on silicon wafers. The aging temperature for the data in this plot is
363K. The dashed line represents where the data saturate.
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process and that data of ln(1 − ∆P/∆P∞) vs time cannot be exactly fitted to lin-
ear functions (as was discussed by Struik et. al. [15]), It was found the major part
of the data can be fitted well by linear functions. The slopes of the linear fits to
this part are defined as the physical aging rate in the present work, and the recipro-
cals of the aging rates are defined to be the characteristic time τ of the physical aging.
Figure 7.5: Isothermal aging data plotted as ln(1 −∆P/∆P∞) vs time. The data is
obtained from a 323nm PS sample and the aging temperatures are 368K (Black data)
and 353K (blue data). It is found that except the very beginning of the data and the
saturated data, the data can be fitted well by linear functions. The fitting results are
shown as the straight lines.
The upper plot in Fig. 7.6 shows Relaxation time as a function of T − Tg,bulk, and to
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make a comparison with the thickness dependence of Tg, these data are also plotted
against T −Tg,film (the lower plot). The data are obtained from the 17nm (H), 41nm
(N), 250nm (¥) and 323nm (•) thick samples.
In Fig. 7.6, the physical aging rate measured from the 323nm and 250nm thick sam-
ples decreases with decreasing aging temperature. Hereby we use the explanation
proposed by Priestley et al. [7]. That is, the rate of an isothermal physical aging can
be determined by two factors, i.e., the distance to equilibrium and the aging temper-
ature. As the aging temperature decreases, the distance to equilibrium, which serves
as the driving force of the physical aging, becomes larger and acts to increase the
physical aging rate. However, the reduction in temperature causes a slowing down of
the dynamics and the physical aging rate. In polystyrene films, the factor of the aging
temperature is dominant, and that’s why aging rate decreases with decreasing aging
temperature. A linear relationship between τ and T is found on the data obtained
from these samples. The reason to the linearity isn’t clear yet. The data measured
from the 41nm thick samples have more complex behavior. While it shows the trend
of the increasing aging time with decreasing aging temperature, there doesn’t exist
the linear relationship between the log τ−1 and 1000/T . A maximum physical aging
rate appears when the aging temperature is ∼ 17K below Tg,film. Such an aging rate
maximum also exists in PMMA films, and a 500nm thick PMMA film exhibits an
aging rate maximum ∼ 73 − 88K below bulk Tg [7]. This can be explained by the
competition between the driving force and the molecular dynamics, as was discussed
in Chapter 2 (see Fig. 2.13). The aging rate becomes much faster when the aging
temperature is very close to Tg, and this is confirmed by the data measured on the
41nm PS sample at 1K below the film Tg, which is much (∼1 degree of magnitude)
faster than those measured at more than 2K below the film Tg.
181
Figure 7.6: Relaxation time as a function of T −Tg,bulk (the upper plot) and T −Tg,film
(the lower plot). The data are obtained from the 17nm (blue H), 41nm (green N),
250nm (red ¥) and 323nm (black •) thick samples.
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Fig. 7.6 shows the thickness dependence of aging time in PS films. The data ob-
tained from the 323nm thick and the 250nm thick films reproduce each other within
the limits of experiment uncertainties. This suggests that the thickness dependence
of aging rate isn’t significant in PS films if the films are thick enough (for example,
>250nm). The 41nm thick film and the even thinner ones exhibit faster molecular
dynamics than the bulk samples. An explanation of the observed faster dynamics is
the enhanced relaxation rates near the free surfaces which have much stronger effect
on films thinner than a threshold value. However, there are several reasons to claim
that the thickness dependence of aging time doesn’t share totally the same origin with
the thickness dependence of Tg. Firstly, if τ is plotted against T − Tg,film (shown in
the lower plot in Fig. 7.6), the data obtained from films of different thicknesses don’t
reproduce each other. Secondly, the 41nm thick PS sample which has a bulk-like
Tg value exhibits faster aging rates than bulk samples. We propose that, the faster
aging rates observed in the thinner PS films (e.g., h <41nm) is due to the enhanced
dynamics near the free surfaces, but the aging time τ as a probe of molecular dynam-
ics is more sensitive than Tg. Consider a molecular layer near the free surface which
has faster dynamics than the bulk material, its Tg may be tens of degrees smaller
than bulk values, while its aging rate could be many decades’ faster. The Tg and
the aging rate of a polymer film thinner than the threshold values are determined
by the averaged dynamics of all layers, therefore it could show a Tg depressed by,
approximately 10K, while showing an aging rate of orders of magnitude faster, or,
it doesn’t exhibit significant depression of Tg, but still shows an accelerated physical
aging. This scenario helps the understanding of the origin of this high sensitivity
and our observations can be better understood in this framework. The molecular
dynamics in the 41nm PS sample is faster than that in bulk samples due to the free
surface effect, but this can only be shown in τ(h) and can not be shown in Tg(h) due
to the different sensitivity of these two probes.
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The thickness dependence of physical aging rate is better illustrated in Fig. 7.7,
where τ is plotted against film thickness. Films thinner than ∼100nm show sig-
nificant depression of aging time, while in contrast is in the study of the thickness
dependence of Tg with PS films, where only films thinner than ∼40nm exhibit depres-
sion of Tg. This comparison confirms our idea that the aging rate serves as a more
sensitive probe than Tg does in the study of the thickness dependence of polymer
molecular dynamics.
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Figure 7.7: Characteristic time τ of the physical aging process as a function of the
film thickness. The data is measured at the aging temperature of 358K.
7.4 Conclusion
Aging temperature and film thickness dependence of physical aging has been studied
using PS films. A trend of decreasing of aging rate with decreasing aging temperature
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is found for all samples. In ultra-thin PS films (<41nm thick) a maximum aging rate
at ∼17K below Tg,film is found. These observations were explained using the compe-
tition of the factors that affect the aging, that is, the distance to the equilibrium and
the fraction of the free volume. A comparison between the thickness dependence of
aging rate and the thickness dependence of Tg suggests that the aging rate serves as
a more sensitive probe in the study of polymer molecular dynamics than Tg does.
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Chapter 8
Conclusion and Plan of future work
8.1 Conclusion
There are two reasons to study the molecular dynamics in ultra-thin polymer films
(<100nm). The first reason is that the development of science and technology are
placing increasing importance on the study of smaller and smaller material systems
and this trend tends toward nanometer scale. As discussed in previous chapters, ma-
terial systems at this scale exhibit features which differ from their bulk properties,
and of particular interest are the role played by interfacial effects in determining the
physical properties in ultra-thin polymer films. Complete understanding of these dif-
ferences is required. The second reason is that the molecular dynamics in polymer
samples remains not totally understood. The CRR theory suggests that there is a
characteristic length scale related to the relaxation processes in polymer samples,
which is around several nanometers. Ultra-thin polymer films provide an excellent
model system for the study of this length scale. This work provided a detailed study
of relaxation processes (such as the glass transition, physical aging and dielectric re-
laxation) in thin polymer films and discussed the origin of the anomalous dynamics
in these samples.
A general observation in this project is the accelerated molecular dynamics in polymer
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films thinner than threshold values. These threshold values are listed in Table 8.1,
and they depend on the polymers used and the processes being measured. Polymer
films thinner than these values showed smaller Tg’s, larger aging rates and faster di-
electric relaxation processes. These observations are consistent with the proposition
that the molecular layer near the free surfaces has faster dynamics than the bulk.
`
`
`
`
`
`
`
`
`
`
`
`
`
`
`
polymers
Processes
glass transition physical aging dielectric relaxation
PtBMA ∼40nm NA NA
PVAc ∼80nm NA ∼80nm
PS ∼40nm ∼100nm NA
Table 8.1: Threshold thickness values
An experiment was performed to test whether it’s the free surface effects that account
for the observed fast dynamics in these thin films. The free surfaces were covered with
solid capping layers and then these films were measured again to see whether the free
surface effects were removed. Al capping layers were prepared using different pro-
cedures (evaporation and the ‘2(h/2)’ procedure). The thickness dependence of the
glass transition temperature (Tg(h)) was essentially the same as that of the uncapped
films if the samples are covered by evaporated Al capping layers, but there is no sig-
nificant change in Tg(h) from the bulk value in the samples capped using the ‘2(h/2)’
procedure. These observations suggest that the effects of free surfaces are responsible
for the diverted dynamics in thin polymer films, but not all capping layers can remove
the free surface effect. Great care has to be taken in any attempt to remove the free
surface effects by solid capping layers.
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We also showed that in these experiments great care has to be taken when com-
paring results measured with different techniques. That is, discrepancies may exist
if these results are measured using different frequency/time scales. An experiment
in this project investigated the frequency dependence on the thickness dependence
of α relaxation temperature (Tα(h)), and it was performed on ultra-thin PVAc films
using dielectric spectroscopy. The results showed that only when being measured
at a low frequency (in this experiment, ∼10Hz) will the samples exhibit a thickness
dependence of the dynamics. Another experiment was done to investigate the cooling
rate dependence of the Tg(h) using the same samples, and the thickness dependence
of Tα(h) is stronger at a lower cooling rate. The comparison of these two experi-
ments demonstrated the measurement frequency/time scale effects on the diversion
of physical properties observed in thin polymer films, and the results help to address
the existing controversial reports about the apparent discrepancies observed between
measurements that are performed using different techniques.
We further performed theoretical analysis of the shape parameters of the dielectric
spectroscopy measured on these PVAc films. The data were plotted against ln τ and
the parameters describing the widening and distortion of the α relaxation peaks are
constant for all measurement frequencies. The observed symmetry of the α relaxation
peaks in ǫ′′(T ) were related to the constant shape parameters of the asymmetric α
relaxation peaks in ǫ′′(ln τ). An explanation is given for the observed widening of
the α relaxation peaks with increasing measurement frequency in ǫ′′(T ). At a lower
measurement frequency (<1Hz), the data obtained from thinner PVAc films showed
wider α relaxation peaks (in ǫ′′(T )) than the data obtained from thicker films, and
at a higher frequency (>1Hz) this thickness dependence doesn’t exist . This was
explained using the existence of the liquid-like surface layer with enhanced molecular
mobility, and the measurement frequency effects.
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The physical aging process in thin PS samples was investigated using ellipsometry
and we reported a couple of observations. Firstly while a trend of decreasing of ag-
ing rate with decreasing aging temperature is found for all samples, in ultra-thin PS
films (<100nm thick) there exists a maximum aging rate at ∼15-20K below the film
glass transition temperature. The aging rate as a function of aging temperature were
explained using the competition of the two factors that affect the aging, that is, the
distance to the equilibrium and the fraction of the free volume. Secondly, a compari-
son between the thickness dependence of the aging rate and the thickness dependence
of Tg suggests that the aging rate serves as a more sensitive probe in the study of
polymer molecular dynamics than Tg does.
8.2 Plan of future work
1. In the present work the physical process of glass transition, dielectric relaxation
and physical aging process in thin (< 100nm) polymer films were investigated.
Accelerated molecular dynamics were observed in the samples thinner than
threshold thicknesses. These observations were explained by the effect of the
free surface with enhanced molecular dynamics. an intimately arising question
is: how to describe the thickness dependence of these physical processes in thin
polymer films? That is to say, what’s the functions of Tg(h) and τ(h) are like
(h represents the film thickness, τ represents the relaxation time)? Till now,
all we have got is the empirical descriptions [1] and computer simulation results
[2]. Theoretical models based on polymer molecular dynamics are required.
To address the above problems, the effect of the free surface on the molecular
dynamics has to be determined first. one approach is to suppose a semi-infinite
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polymer sample, and determine the form of τ(x) in this sample, where x repre-
sents the distance to the free surface and τ is the local relaxation time. Given
the knowledge of τ(x), many theoretical questions about the thin polymer films
can be clear. For example, the mean relaxation time of a film h can be esti-
mated by
1
h
∫ h
0
τ(x)d x (8.2.1)
2. The free surfaces of thin polymer films have both faster (in PS, PtBMA and
PVAc samples) and slower (in PMMA samples) molecular dynamics than the
glassy region. While there is a general agreement that the enhanced molecular
dynamics near to the free surfaces are due to the more degree of freedom of the
molecular movements, the reason for the slower dynamics of the free surfaces is
not very clear yet. To answer this question, one can use many different poly-
mers and test the thickness dependence of molecular dynamics in these polymer
films. It will be helpful to know which kind of polymers show faster dynamics
in thin films samples and which kind of polymers show slower dynamics in thin
films. This will help to find how polymer molecular structures affect the molec-
ular dynamics in a region near to the free surfaces.
3. As is illustrated in Fig. 8.1, suppose a flat and conductive substrate with round
holes of the same size (diameters ∼ several hundred nanometers) regularly dis-
tributed on it. A spin cast polymer film on the substrate will have regions with
1 free surface and regions with 2 free surfaces, and both of these regions are
regularly distributed. Suppose that an AFM tip is scanning across the spin cast
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film, the AFM tip, the small area of spin-cast film that is exactly under the
AFM tip, and the conductive substrate form a capacitor. If a sinusoidal voltage
is applied between the tip and the substrate, the dielectric spectroscopy of this
small region can be obtained by measuring the feedback current. When the
AFM tip is scanning across a polymer region with 1 free surface, we will obtain
the dielectric spectroscopy of the spin cast film with 1 free surface, and when
the AFM tip is scanning across a region with 2 free surfaces, we will obtain
the dielectric spectroscopy of the spin cast film with 2 free surfaces. Scanning
through the polymer surface we can get the map of the distribution of the di-
electric relaxation process. and such a map will be a strong evidence to support
the idea of free surface effects on polymer molecular dynamics. Besides, the co-
operative relaxation rearrangement is supposed to be discrete in a small enough
area, and this experiment is hopefully to be able to find the discrete cooperative
relaxation rearrangement.
This experiment requires dealing with weak signals. Kim et al. [3] have shown
that such a measurement is possible. They obtained discrete signals of the co-
operative relaxation in spin cast films. Our lab has been able to produce regular
porous Al substrates with electro-polishing process, and have started to do such
an experiment.
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Figure 8.1: A polymer film is supported on a porous conductive substrate. The sub-
strate, the polymer film and the AFM tip scanning across the film form a dielectric
capacitor. The polymer film has regions with 1 free surface (those regions supported
exactly on top of the substrate)and regions with 2 free surfaces (those supported exactly
on top of the holes). Due to the different molecular dynamics in these two kinds of
regions, the dielectric spectroscopy measured at these two kinds of regions are expected
to be different
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